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General Introduction 
 
The knowledge of properties of polymeric materials in confined geometries, for instance ultrathin 
polymer films with thickness of tens of nanometers or polymer-based nanocomposites, are 
becoming more important since polymers have been used effectively in nanotechnological 
applications such as optical coatings, protective coatings, adhesives and dielectric insulators in 
microelectronic circuits. Moreover, they provide an ideal sample geometry for studying the 
effects of confinement, polymer/substrate or polymer/nanoinclusion interactions on the structure, 
morphology and dynamics of the polymer chains [1-3]. When confined to dimensions 
comparable to the different length scales characterizing a polymer chain, relaxation dynamics of 
polymeric materials is expected to be significantly altered from the bulk behavior. Such 
expectation based on common sense is supported by several experiments and simulations [3-7], 
but interestingly some others show that confinement does not alter chain mobility [8-11]. Though 
many evidences, including theoretical and experimental studies, show that the interfacial 
interactions at surfaces or interfaces play a key role in determining the observed dynamics 
deviations between confined and bulk polymers [12-15], the consensus on such point is still far to 
be obtained as preparing and measuring conditions can greatly affects the results thus altering the 
observation of true physical phenomenon [10, 11]. In addition, the limited availability of 
techniques that allow measuring dynamics with the spatial resolution of tens of nanometers, leads 
to the difficulty in studying the dynamics deviations on interfacial regions of nanostructured 
polymers, such as nanocomposites or polymer blends. This restriction means, for instance, that 
the study of physical properties of nanostructured polymers is usually performed by averaging on 
large portion of the sample and the results are in principle depending on the model used to 
interpret the data [16, 17]. 
The goal of this Ph.D. thesis is to study the interfacial effects on dynamic relaxation of confined 
polymers at the nanoscale of spatial resolution by means of a technique, so-called local dielectric 
spectroscopy (LDS) [18, 19], suitably developed for such purpose. LDS has been implemented 
by means of an atomic force microscope (AFM)-based method named frequency-modulated 
electrostatic force microscopy (FM-EFM) [20, 21]. In essence, an excitation voltage is applied to 
the conductive tip of an AFM and the gradient of the electrostatic interaction force between the 
 2
tip and a polymeric sample, which is related to the electric response of the sample, is measured 
by frequency-modulated AFM methods. By such technique, dielectric measurements can be 
performed on polymer films having a free upper surface and with spatial resolution at nanometer 
scale, relying on that many limitations which previous techniques have met can be overcome. 
The thesis is organized as follow: Chapter 1 will introduce the general topics and phenomenology 
of polymer dynamics in bulk and under confinement. The principle of Electrostatic Force 
Microscopy and some of its variants, as well as of LDS, will be presented in Chapter 2. The 
experimental setup and procedures will be described in Chapter 3. Chapter 4, 5 and 6 will present 
the main results of our study. The effects of film thickness, supporting substrate, polymer 
molecular weight and sample annealing conditions on structural relaxation of uncapped thin and 
ultrathin poly(vinyl acetate) (PVAc) films will be discussed in Chapter 4. The influence of 
supporting substrate and annealing conditions on the plasticization of PVAc films induced by 
moisture absorption will be presented in Chapter 5. In Chapter 6 we will focus to the discussion 
about the effect of nanoinclusion/polymer interaction on molecular mobility near their interface. 
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Chapter 1 
 
Dynamics of Polymeric Materials in Confinement 
 
The motions of a polymer chain can be described on a variety of different length scales, ranging 
from the size of the individual monomers to the overall size of the macromolecule. By confining 
polymeric materials to dimensions that are comparable to the different length scales 
characterizing a polymer chain, their properties, such as the macromolecular mobility, can be 
significantly altered with respect to the bulk behavior. The effects of confinement on the 
dynamics of polymers have been studied using a variety of experimental strategies: 
semicrystalline polymers [22], polymer solutions confined in porous glasses [23], polymers 
intercalated into the 2 nm gaps of layered nanocomposite compounds [24], polymer spheres with 
diameters of tens of nanometers [25], and ultrathin polymer films [3]. The last one has attracted 
much attention from scientists over the last nearly two decades for several reasons. Firstly, it is 
straightforward to get insight into the dynamics of macromolecules using a variety of 
experimental techniques [3, 5]. Moreover, using polymer films on different substrates the effects 
from interfacial interactions (polymer/substrate in ultrathin films) can be easily evaluated. In 
addition, nanometric polymer layers are becoming more important in many technological 
applications, such as electronic insulators and coatings, which raise the interest in the 
investigation of this system [1]. 
There are a number of physical properties reflecting the mobility of polymer chains, such as 
viscoelasticity, mechanical and dielectric relaxation, and glass transition temperature, which can 
be measured on confined polymers. Among these, dielectric relaxation investigations of confined 
polymers, such as ultrathin polymer films (with thickness as the confining dimension) or polymer 
nanocomposites (with inter-nanoinclusion distance as the confining dimension) have been 
increasingly interested during the last decade because of the development of new powerful 
techniques that allow characterizing the relaxation processes in the wide range of temperature and 
length scale [2]. 
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Recently, broadband dielectric spectroscopy (BDS) that enables the study of relaxation dynamics 
in a broad frequency range (> 12 decades) has been effectively used to measure dielectric 
relaxation on thin polymer films [2]. It benefits furthermore from the fact that the capacity C of 
the measured system is inversely proportional to the sample thickness. That means decreasing 
sample thickness (as for example in ultrathin films) leads to an improvement of the signal to 
noise ratio of measurements. Measuring dielectric relaxation by BDS is a good way to determine 
the glass transition regions, as well as the molecular motions in a large range of length scales in 
solid and liquid states of polymers. Understanding of these characteristics in nanostructured 
polymeric materials would make it easier to design and engineer new materials with the desired 
properties. Then this will open numerous applications of polymers, especially thin polymer films 
and polymer nanocomposites, for example in high resolution separations media, self-healing 
nanocomposites, flexible electronics and displays, and photovoltaic devices [1]. 
A fundamental understanding of the influence of geometrical confinement and interfacial effects 
on the dielectric relaxation of polymeric materials is the main purpose in our study. Therefore, a 
brief summary of the structure and dynamics of polymers, confinement effects on the glass 
transition temperature and molecular relaxation of ultrathin polymer films in different 
arrangements and effects of nanoparticles on dynamics of polymer matrix at interfacial regions, 
are described below. 
 
1.1 Dynamics of polymeric materials 
 
1.1.1 Introduction to polymers 
 
A polymer chain is a huge molecule made of repeating structural units called monomers linked 
together by covalent bonds developed during a polymerization process. When a polymer chain 
contains one type of monomer units, it is called homopolymer or simply polymer. When two or 
more different types of monomers are joined in the same polymer chain, it is called a copolymer. 
Properties of polymers strongly depend upon the size of the chain [26] that is related to the 
degree of polymerization, i.e. the number of repeat units in a polymer chain, and their structure as 
well.  
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The number of monomers per each polymer chain may vary from a few hundreds to many 
thousands. The molar mass M of a homopolymer chain can be calculated by a simple relation, M 
= NM0, where M0 is the molar mass of the repeat unit and N is the number of repeat units 
(monomers) per the chain. Unlike low molecular weight chemicals, polymers usually consist of 
macromolecules with a range of molar masses. In fact, it is difficult to synthesize all the 
macromolecules having the same number of repeating units. Therefore, the molar mass of the 
chains is distributed with discrete values multiple of M0, in another word, the distribution of the 
molar mass is discontinuous. However, the M0 is usually extremely smaller than the molar 
masses of the chains, thus the distribution can be considered as being continuous. In order to 
characterize the mass distribution in polymers, the number-average molar mass Mn and the 
weight-average molar mass Mw are often used. The Mn and Mw are defined as, 
i i
n
i
                                                            (1.1)
N M
M
N
= ∑∑  
2
i i
W
i i
                                                          (1.2)
N M
M
N M
= ∑∑  
with Ni is the number of macromolecules of the molar mass Mi . By definition, the ratio Mw/Mn 
must be greater or equal than unity and is known as the polydispersity index. If the index is 
greater than unity the polymer is polydisperse, otherwise it is monodisperse. 
Because of the complex structure, a polymer chain can be described by different length scales 
with values depending on the chemical structure of monomers, and the interaction among 
polymers as well. The shortest important length scale is the monomer size, a, with the length 
value depending on the kind of monomers. The persistence length, b, is the length scale at which 
the monomers can move independent of each other. The size of the persistence length scale 
depends on the chain stiffness of polymers. The end to end distance, REE, is the average distance 
between the two ends of the polymer chain, and is a measure of the size that the polymer chain 
occupies in the space. Besides, for many polymeric materials the size length of side groups has 
also an important role in a variety of properties such as mechanical or dielectric relaxation.  
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Fig. 1.1. Schematic picture of a polymer chain with some characteristic parameters (see text for details). 
 
Consider the end to end vector RN joining two ends of a polymer made of N monomers (Figure 
1.1). If ri is defined as the translation vector between two ends of ith monomer with the length of 
a, then the end to end vector can be described as, 
N i
1
                                                              (1.3)
N
i=
=∑R r  
In the case of the random walk model applying for an ideal polymer chain where there is no 
correlation between the directions that different monomer bonds take and all directions have the 
same probability, the average value of RN is zero. This is because the probability of the end to 
end vector R is same as –R. Therefore the end to end distance, REE, expressing the size of a 
polymer is taken into account the square root of the vector RN, 
2 1/ 2 1/ 2 1/ 2
EE N i i
1 1
( ) =( )                                (1.4)
N N
i j
R = aN
= =
< > < >∑∑ ?R r r  
A more convenient parameter to express the size of a polymer than the end to end length, REE, is 
the radius of gyration, Rg, that is formulated by: 
 2 2g i j2
1 1
1 ( )                                             (1.5)
2
N N
i j
R
N = =
= < − >∑∑ R R   
with  i k
1
i
k=
= ∑R r   
For an ideal polymer chain the radius of gyration and the end to end distance are related to each 
other by a simple formula as [27]: 
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2
2 EE
g                                                                (1.6)6
RR =  
In a real polymer chain, the short range interactions between monomers that are located close to 
each other along the chain should be taken into account. These interactions prevent different 
monomers from occupying the same position as well as impose some constraints on their relative 
directions. Then, the end to end distance, REE, can be obtained as [27], 
1/ 2 1/ 2
EE                                                  (1.7)R aN bNα= =  
where, α is an scaling factor depending on the chain stiffness [28]. As presented above, b is 
defined as the persistence length. Depending on the stiffness of polymer chain this length can be 
in the range from one to several tens of monomer lengths. 
In addition, two monomers will interact if they happen to be spatially close, even if they belong 
to widely separated parts of the chain. These types of interactions, which depend only on actual 
spatial separations and not distance along the chain are called long range interactions [27]. The 
inclusion of long-range interactions causes a dramatic departure in the statistical properties of the 
chain from above behaviors. For instance, according to the excluded volume model that takes 
into account the long-range interactions the characteristic size of a polymer chain is proportional 
to N3/5, but not N1/2. 
The motions of a polymer chain can be classified as: translation motions of the entire 
macromolecule; rotation of the end to end vector characterizing the polymer chain; cooperative 
wriggling and jumping of segments of macromolecules; motions of a few atoms along the main 
chain or side groups on the main chain; and vibrations of atoms about equilibrium position. 
Below the glass transition temperature the first three processes are ideally frozen out, while there 
is still enough energy for two last motions to occur. 
 
1.1.2 The glass transition in polymers 
 
At a low enough temperature amorphous polymers or amorphous regions of a semi-crystalline 
polymer are in the glass state, in which the macromolecules are frozen, that means the translation, 
the segmental motion and the end to end reorientation of the chains can only occur on a time 
scale larger than hundreds of seconds. In this state, polymers are generally hard, brittle and rigid. 
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As the temperature is increased, the polymer will eventually reach a temperature named glass 
transition temperature (Tg), at which polymer segments can start to wiggle around on a time scale 
comparable to that of the experiments. With further temperature increase polymers become softer 
and more flexible reaching rubbery state. The glass transition temperature of an amorphous 
polymer is related to the segmental motion occurring in polymer matrix.  
In general polymer mobility, and consequently its glass transition temperature, depends on 
several factors which are:  
(1) Free volume of the polymer vf: this is the volume of the polymer not occupied by the 
macromolecules themselves. The higher is the vf, the more room the macromolecules have to 
move around and lower is the Tg. For most of the polymers the ratio of the free volume to the 
total volume (vf/vtotal) is about 0.025 at Tg [29].  
(2) The attractive forces within the macromolecules: the more strongly the macromolecules are 
interacting e.g. intermolecular interaction such as van der Walls or hydrogen bond interactions, 
the larger is the cooparitivity and the activation energy to be overcome for a relaxation [30].  
(3) The internal mobility of the chains, or their freedom to rotate about the bonds:  for example, 
in flexible polymers the segments can easily move relatively each other causing Tg to be lower 
than that in stiffer macromolecules. 
 (4) The chain length or macromolecular weight Mn: in particular, at not very low Mn, the 
molecular weight dependence of Tg can be described by Fox-Flory empirical equation [29, 31]:  
g n g n( ) ( ) /                                                    (1.8)T M T A M= ∞ −  
where A is a polymer specific constant, Tg(∞) is the asymptotic value of the glass transition 
temperature for a chain of infinite mass. This relationship shows that the shorter chains can move 
easily than the longer chains. 
A very common method used to determine Tg is to observe the variation of a thermodynamic 
property with temperature since a thermodynamic property will exhibit an abrupt change of its 
value or temperature dependence at Tg (often this value is called thermodynamic Tg to point out 
the difference from the value determined by other methods based on dynamic properties). This 
behavior reflects that the polymer chains cannot anymore respond instantaneously to changes in 
temperature. The classic method for experimental determination of the glass transition is 
dilatometry, in which the temperature dependence of the specific volume is determined and the 
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temperature where a change in the slope occurs upon cooling is taken as Tg (Figure 1.2) [32]. In 
addition to dilatometry, calorimetry has been extensively used, an abrupt change in the values of 
heat capacity being observed at Tg. The determination of Tg for amorphous polymers by 
thermodynamic methods (as well as by other methods) are found to be cooling or heating rate 
dependent, with higher the cooling rate, higher Tg is detected. 
 
 
Fig. 1.2. Temperature dependence of the specific-volume of poly(vinyl acetate) (from ref. [32]). 
 
Some other methods have been also used to measure Tg of amorphous polymers based on the 
change in relaxation properties of the materials. For example, the stress relaxation modulus 
commonly decreases about three orders of magnitude in the vicinity of Tg. In the case of polar 
polymers, the dielectric relaxation is often used as a measure of Tg [32]. In particular, BDS that 
allows to measure dielectric relaxation in a huge range of frequency, pressure and temperature, 
appears as a powerful method to determine the Tg as well as the molecular motions in polymer 
materials through all of length scales [2]. 
    
1.1.3 Dielectric relaxation 
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A. Theory 
When an electric field is applied on an insulating sample, it rearranges the distribution of positive 
and negative charges, causing a polarization that can be divided into two parts: the induced 
polarization caused by a shift of the centre of mass of electronic or nuclear charge distributions, 
and the orientation polarization originated from the orientation of the permanent dipoles. The first 
one represents the ionic, electronic and atomic polarization that has characteristic times of the 
order of 10-17 s and 10-14 s, respectively. While the second one occurs only if there are groups 
with permanent dipoles existing in the sample, and has characteristic time larger than 10-12 s.  
When the applied electric field, E(r, t), varies on a time scale much longer than that characterized 
by the microscopic motions of charged particles, the polarization, P(r, t), follows instantaneously 
the changes of the field and can be described as [33]: 
( ) (i) i 10
=1
, ( , )                                                 (1.9)
i
t tε χ Ε∞ −= ∑P r Ε r  
where the terms χ(i) represent the susceptibility of the material, and ε0 denotes the permittivity of 
vacuum. The first term, χ(1), represents the linear polarization, and is related to the dielectric 
constant of the material, ε, by  ε = 1 + χ(1). Generally, the applied field is rarely higher than 105 
V/m (much smaller than the typical atomic fields of the order of 1011 V/m), the polarization can 
be considered to be linearly dependent on the intensity of the applied field (linear response 
hypothesis), i.e. the terms with i > 1 in the right hand side of the equation (1.9) can be considered 
negligible. Then, the equation (1.9) can be approximated as: 
0 0 s( , ) ( , ) ( 1) ( , )                                   (1.10)t t tε χ ε ε= = −P r E r E r  
with εs= 1-χ is the dielectric constant in the static case. 
In practice, the most common situation is that the time scale of variation of the electric field 
applied to an insulator sample is longer than the time scale of the induced polarization but less 
than or comparable to the characteristic time of the orientation polarization. Therefore, the 
induced polarization can be considered to originate instantaneously, but a delay is created 
between the orientation polarization and the electric field, and the relation between the time-
dependence polarization and the electric field can be expressed by [34]: 
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0( ) ( ) ( ) d ' ( ') ( ')                          (1.11)t t t t t t tε χ= + = −∫in orP P P E   
where the susceptibility function χ(t-t’) = χsf(t-t’), with f(t-t’) is the response function of the 
system (Appendix A), χs is called the static dielectric susceptibility obtained with the time 
variation of the electric field much longer than the characteristic time scale of microscopic 
distribution. Pin and Por are the induced and orientation polarization, respectively. The induced 
polarization can be described as: 
in 0( ) ( ) (1.12)t t                                                         ε χ∞=P E  
where χ∞ is the part of susceptibility describing the instantaneous response of the ionic, electronic 
and atomic polarization [34]. Insteads, the orientation polarization can be expressed in term of the 
orientation response function for(t) [34]. 
0 s or( ) ( ) d ' ( ') ( ')                                       (1.13)t t f t t tε ε ε∞= − −∫orP E  
where ε∞ = 1 + χ∞ is the dielectric constant associated to the induced polarization. 
In an isotropic system of N equivalent polar molecules contained in a spherical volume, V, the 
dielectric constant associated to the orientation polarization can be described as [35]: 
s s
s 2
B s
(0) (0)3 (2 )4                           (1.14)
3 (2 1)k T V
ε ε επε ε ε
∞
∞
⋅⎧ ⎫+− = ⎨ ⎬+⎩ ⎭
M M
 
where kB is the Boltzmann constant, T is the temperature. M(0) is the instantaneous dipole 
moment of the macroscopic sphere contained in the sample at the arbitrary time t = 0.   
In the case of polymers in solution or amorphous state above the glass transition temperature, 
constituted by flexible chains that contain only one kind of dipole, µ, equation (1.14) may be 
rewritten by [35]:  
2
2s
s r
B s
3 24 (0)                           (1.15)
3 2 3
c g
k T
ε επε ε µε ε
∞
∞
∞
⎛ ⎞ +⎛ ⎞− = ⎜ ⎟⎜ ⎟+ ⎝ ⎠⎝ ⎠
 
where cr is the number of dipole groups per unit volume, g(0) is called the Kirkwood correlation 
factor that is different from unity if interactions within different polar groups produce a static 
correlation between their orientation.  
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An equivalent description of the polarization as shown in Eq. (1.11) can be performed in the 
frequency domain by applying the Laplace transform to Eq. (1.11). Then, the polarization can be 
expressed in the frequency domain as: 
0( ) ( ) ( )                                                        (1.16)ω ε χ ω ω=P E  
Where E(ω) is the Laplace transform of the time dependent electric field and χ(ω) is the Laplace 
transform of the susceptibility function, and can be expressed by, 
      i ts
0
( ) '( ) i ''( ) ( )e d                                  (1.17)f t tωχ ω χ ω χ ω χ
+∞
−= − = ∫  
Analogously to the time domain, it is possible to define the dielectric constant as the complex 
function in the frequency domain: 
( ) 1 ( ) '( ) i ''( )                                          (1.18)ε ω χ ω ε ω ε ω= + = −  
Here, ε’ is the real part of the permittivity in phase with the applied frequency, and is related to a 
measure of the oriented molecules with electric field and of the fraction of the stored 
electromagnetic energy per period. While, the imaginary part of the permittivity, ε”, is related to 
the dissipated energy during the relaxation process [36]. A schematic representation of the 
frequency dependence of real and imaginary parts of dielectric permittivity are shown in Figure 
1.3, where a peak in the low frequency side of the imaginary part of the spectrum reflects a 
relaxation process with a characteristic time, whereas the peaks in the high frequency regions 
reflect resonant absorption processes. 
When the applied electric field is harmonic at a fixed frequency ω the polarization is described 
by: 
0( ) [ ( ) 1] cos( )                                             (1.19)P E tω ε ε ω ω= −  
where E is the amplitude of the harmonic field. 
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Fig. 1.3. Mechanisms of polarization and the frequency dependence of the real, ε’, and imaginary, ε’’,  
parts of dielectric permittivity (from ref. [37]). 
 
B. Phenomenological description 
Dielectric relaxation is described as the time/frequency, dependence of the dielectric permittivity 
that reflects motions of polar molecules or polar groups. In macromolecules, different parts of the 
net dipole moment associated with different molecular subgroups can re-orient with different 
motional processes originating molecular motions controlled by very different time and length 
scales. For example, the local rotational fluctuations of side groups or parts of the molecule 
produce the so called secondary (β-) process; non cooperative rotation of significative parts of the 
macromolecules originate the so called Johari Goldstein relaxation; cooperative motions 
involving segments of different polymer chains produce the so called structural (α-) process 
related to the glass transition; the overall chain rotation originates a slower process named normal 
mode, which can be detected only if a component of the dipole moment is along the chain 
backbone [35]. Therefore, the dielectric spectrum (as illustrated in Fig.1.4) of an amorphous 
polymer generally shows a multiple relaxation scenario where each process originates a peak in 
ε’’ and a step-like decrease in ε’ versus frequency at a fixed temperature. The dielectric 
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relaxation behavior can be also observed by plotting ε’’ as a fucntion temperature and at a fixed 
frequency, obtaining spectra qualitatively similar to that in figure 1.4, but with a reverse order of 
appearance of the relaxation processes [35].   
1E-3 0,1 10 1000 100000 1E7 1E9
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Fig. 1.4. Scheme of real, ε’, and imaginary, ε’’, parts of the complex dielectric function vs. frequency. 
 
As mentioned above, one of the most important properties of amorphous polymeric materials is 
the glass transition that can be described in terms of the characteristic time scale of the α-process. 
According to dielectric relaxation, the glass transition temperature of a polymer is the 
temperature at which the structural relaxation time is 100 s [35].  
In general, the α-process shows a relatively broad and often asymmetric peak in ''ε (ω) spectra 
(Fig. 1.4). Several phenomenological functions like the Cole-Cole [38], Cole-Davidson [39, 40], 
Fuoss-Kirkwood [41], and the Kohlrausch-Williams-Watts functions [42] are used to describe 
broad symmetric or asymmetric loss peaks. The most general one is the function proposed by 
Havriliak and Negami, HN, [43, 44], which reads 
HN HN1
HN
( )                                               (1.20)
[1 (i ) ]
εε ω ε ωτ
α
∞ −α β
∆= + +  
where ε α∞  is the completely relaxed dielectric constant with respect to the α-relaxation process, 
ε∆  is the dielectric strength that is related to the dipole moment of polar groups in polymer and 
 15
their correlation factor, τHN is the relaxation time, αHN and βHN are the broadening and the 
asymmetry parameters of the process. 
The characteristic time scale of the relaxation process is often reported in terms of the frequency 
at which α-relaxation peak reaches the maximum, ναmax. In case of well isolated structural peak 
this value can be evaluated directly from the spectra without the need of fitting over the entire 
frequency range. However, quite often, due to the presence of several relaxation processes 
partially overlapping, it is calculated by using the fitting parameters of Eq. (1.20) as, 
HN1/(1 )
HN HN
max
HN HN HN
sin[(1 ) /(2 2 )]1                              (1.21)
2 sin[(1 ) /(2 2 )]
α
α α π βν πτ α βπ β
−⎧ ⎫− += ⎨ ⎬− +⎩ ⎭
 
 
The temperature dependence of ναmax can be well described by the Vogel-Fulcher-Tammann 
(VFT) [45-47] equation: 
0
max
0
log log                                                 (1.22)DT
T T
α αν ν∞= − −  
where log αν∞  is the relaxation frequency of the structural process at infinite temperature, T0 is the 
so-called ideal glass transition or Vogel temperature, which is generally 30-70 K below Tg, and D 
is a parameter related to the fragility of the system [48, 49]. In fact, the relaxation time (τ = 
1/2πν) of the structural process in glass-forming materials including amorphous polymers usually 
exhibits deviations from thermally activated dynamics or Arrhenius behaviour [48], and the 
parameter D can be used to quantify such deviations. For example, the most fragile glass-forming 
materials are those which show the largest deviations from the Arrhenius law, corresponding to 
small D values (D < 10) [48]. Another parameter conveniently charactering the fragility of a glass 
former is called the fragility index, or fragility [50], m, defined as, 
g
g
d(log ) (1.23)
d( / )
T T
m                                                         
T T
τ
=
=    
Note that the Tg here is defined as the temperature determined at τmax = 100 s. The relation 
between parameters m and D can be approximated as [48]: 
m = 16 + 590/D                                                        (1.24) 
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1.2. Relaxation dynamics of ultrathin polymer films 
 
Decreasing the thickness of polymer films, the surface area to volume ratio is dramatically 
increased, leading to an increasingly large influence of properties of interfacial polymer layers on 
the average properties of polymer films. Since at the interface intermolecular interactions are 
altered respect to the bulk, it is expected that the mobility of polymer chains in regions close to a 
free surface or interface with a substrate can be significantly modified respect to the bulk 
behavior. 
During the last nearly 20 years, confinement effects on physical properties of polymer films have 
been extensively investigated by using a variety of different experimental techniques, such as 
ellipsometry [12, 51], calorimetry [52, 53], neutron scattering [54], thermal expansion 
spectroscopy [55], X-ray reflectivity [56E], local thermal analysis [57], optical photobleaching 
[58, 59], positron lifetime spectroscopy [60], or dielectric spectroscopy [2, 10, 61-65]. Recently, 
some methods based on an atomic force microscopy (AFM) have been also implemented in an 
effort to study dynamics at nanometer scales [66-68]. Numerous polymeric materials, such as, 
polystyrene (PS) (see for example [51, 61, 69, 70]), poly(methyl methacrylate) (PMMA) (see for 
example [12, 11, 64]), poly(vinyl acetate) (PVAc) (see for example [6, 62, 71]) poly(2-vinyl 
pyridine) (P2VP) [72, 73], or poly(ethylene terephthalate) (PET) [74] have been investigated in 
different arrangements. In spite of many above efforts in experimental measurements, the results 
and explanation of confinement effects in ultrathin polymer films are still in apparent 
contradiction [3, 11]. For example, concerning the shift of the Tg from the bulk value in ultrathin 
PS films there are more than 50 reports, to the best of our knowledge, showing very different 
results, such as, a reduction [51, 58, 61, 69, 70], an increase [56], or unchange [8-10, 75].   
Many factors have been proposed to explain the observed discrepancies, for instance, the varying 
degree of interfacial interactions in different polymer/substrate systems [13, 76], the nature of 
polymer itself (polarity, tacticity) [77-80], or internal stresses caused by film preparation methods 
[81, 82]. The sample preparation procedures and measurement conditions have been also 
considered as the origin of the observed confinement effects [11, 83, 84] and suggested having 
fundamental impact on the contradictions. Such conditions, for example, include the annealing 
 17
procedure [83], the evaporated electrode (sometimes needed for the dielectric measurements) 
[10], or the plasticization of polymer chains caused by the residual solvents or moisture [85]. 
Concerning the effects of interfacial interactions, it is suggested that at the free surface of a 
polymer film a layer of few nanometers of thickness exists [12, 58-60, 88], in which chain 
motions are faster than in the bulk system. Moreover, depending on the degree of the 
polymer/substrate interaction, the mobility of polymer chains at the interface with the substrate 
can be increased, decreased or remain the same as in the bulk [2, 13, 76, 87, 88]. The most used 
parameter to estimate the degree of interfacial interactions is the interfacial energy between the 
substrate and polymer, γsp. It is generally accepted that with increasing interfacial energy the 
segmental mobility of polymer chains in the regions close to the substrate slows down, leading to 
increase the Tg in such regions compared to that in the bulk [13, 74 76, 88]. However, not all 
experimental findings are in agreement with this hypothesis [11, 89]. 
In order to evaluate how interfacial interactions affect the deviation from bulk dynamics, a 
variety of ultrathin polymer films arranged in different geometries has been used. The capped 
geometry with two polymer/substrate interfaces is often used for dielectric relaxation 
investigations that require two electrodes capping the film for applying an electric field. The 
supported geometry with a free surface (uncapped geometry) has been used in most of studies, as 
for example with optical based techniques, and also with dielectric spectroscopy. The freely 
standing film with two free surfaces has been studied to eliminate any effects from substrates on 
dynamics measurements. Such system is sometimes thought to be a good model for studying 
effects of pure geometrical confinement on the dynamics of polymers. 
Together with many experimental efforts, several mechanisms have been proposed to explain the 
observed results, for instance, segregation of chain ends to the free surface [90], the sliding model 
of de Gennes [14], reduction of intermolecular coupling and chain orientation near a surface [91], 
percolation of regions of slow dynamics [92], the existence of metastable states due to the 
absorption of polymer chains into substrates [15]. These mechanisms can be used to justify the 
idea of a gradient of mobility in ultrathin polymer films usually schematized in terms of two- 
[87], three- [60] and multi-layer [93] descriptions. The multilayer description [93] basing on the 
fact that the enhancement or depression of molecular mobility at surfaces and interfaces 
dominantly contribute to the average dynamics of the whole polymer film with thickness in the 
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nanometer range has been mostly used to explain experimental results measured on supported 
films. However, until now each model can be only applied to interpret observed results in specific 
cases, but there is the lack of universal models to cover this anomalous phenomenon. 
Thin capped polymer film
substrate substrate
Uncapped-supported polymer film
Freely standing polymer film
 
Fig. 1.5. Schemtatic representation of ultrathin polymer films in different arrangements 
 
1.2.1. Capped polymer films 
 
Capped polymer films, i.e. films sandwiched between two solid surfaces (Fig. 1.5), are usually 
used for measuring dielectric relaxation of polar polymers by broadband dielectric spectroscopy 
(BDS). The films are produced by spin-coating or spin-casting solutions of the polymer on a 
conductive substrate that acts as one electrode. After annealing to remove residual solvents from 
the polymer films, the second electrode is generally deposited by evaporating a metallic layer 
onto the free surface [2].  If the sample is not annealed with care, solvent traces can remain in the 
sample thus provoking plasticization effects. Moreover, the direct evaporation of the second 
electrode may have some drawbacks due to possible penetration of metal atoms into polymer 
films causing the damage of the sample. In order to avoid such drawbacks a sufficiently fast 
evaporation onto the polymer surface should be performed [75, 94]. Some other approaches are 
using a freshly cleaved lamellae of mica being previously evaporated with metals as the second 
electrode [2] or a so-called air-gap capacitor [65, 95].  
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By using BDS it is expected that finite size effects on molecular mobility of polymer can be 
evaluated over a large temperature range and a wide interval of frequencies. In such a way, 
information on the distribution of relaxation times can be obtained instead of more limited 
information on an average time scale of the process.  Since the Tg of polymers is related to their 
segmental (structural) relaxation, by measuring structural relaxation of ultrathin films 
confinement effects on the film Tg can be also estimated. In principle, BDS measurements as a 
function of temperature allow the direct estimation of the Tg - the temperature determined at τmax 
= 100 s (or fmax = 1/(200π) Hz). Since dielectric spectra measured at low frequency (< 0.1 Hz) in 
ultrathin films are often dominated by the dc conductivity, the estimation of the Tg can be 
obtained only through the extrapolation of the experimental data. In order to avoid such 
extrapolation instead of Tg it is usually considered the thickness dependence of Tα, that is the 
temperature of the maximum of the dielectric peak in a spectrum of the dielectric loss at a fixed 
frequency (often higher than 1/(200π) Hz) as a function of temperature. 
The film thickness dependence of relaxation dynamics in thin capped polymer films was firstly 
measured by Fukao and co-workers [55, 61] on PS capped between two Al-electrodes with the 
thickness ranging from 4 nm to 489 nm. The authors found that with decreasing film thickness Tα 
at 100 Hz remained almost constant for all thicknesses larger than a critical value (hc ~ 20 nm), 
then decreased dramatically for h < hc [55]. The critical thicknesses had an Mw dependence, for 
example, hc = 10.9 nm for PS of Mw = 2.8x105 g/mol, while hc = 23.1 nm for PS of Mw = 1.8x106 
g/mol. The values of hc seem to be related to the radius of gyration of polymers. Therefore, it can 
be deduced that size confinement can affect the peak position of the α-process. A broadening of 
the distribution of relaxation times for the α-process with decreasing film thickness was also 
observed. Unlike the change in Tα, the broadening of the α-relaxation started from the thickness 
of around 100 nm, then continued to increase monotonically with decreasing film thickness, and 
seemed not to depend on Mw of polymers. The Tg of the same samples was also measured using 
thermal expansion spectroscopy [55] and they observed a reduction of the Tg with decreasing film 
thickness. The trend in the thickness dependence of the Tg-reduction from thermal expansion 
measurements was different from that of Tα, but similar to that of the broadening of the α-
relaxation. Moreover, the decrease of Tg measured on Al-capped PS films with decreasing film 
thickness was consistent with the results obtained by ellipsometry on Si-supported PS films [51].  
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In order to explain the observed results, Fukao and coworkers [61] supposed that the existence of 
a mobile layer (at interface between PS and evaporated electrode) and immobile layer (at 
interface between PS and supported substrate) with constant layer thicknesses broadens the 
distribution of relaxation times of the α-process with decreasing film thickness. Since the Tg of 
the film can be regarded as the temperature at which the anomalous increase in loss-dielectric 
spectra (ε”) begins, Tg decreases with the broadening of the α-relaxation. On the other hand, since 
Tα is the temperature at which ε” has a maximum, a significant change of Tα can be only observed 
when the bulk-like layer becomes comparable to the characteristic length scale, ξ, of the α-
process, i.e. when the film thickness is thinner than a critical value hc. Even though the exact 
value of ξ of the α-process could not be evaluated from the measured data, the authors assumed 
that hc can be regarded as the upper limit of ξ.  It is also noteworthy that in the case of capped 
films there are two interfaces layers in contact with solid electrodes. The authors considered that 
the polymer chain mobility at the interface with the evaporated electrode is more mobile than that 
in the bulk-like layer, whereas at the interface with the supported electrode it is less mobile than 
that in the bulk-like layer. This may result from the fact that the interaction of polymer chains 
with the evaporated electrode is much weaker than with the supported electrode since the 
evaporated electrode is normally produced after annealing polymer films at a high temperature 
for a long time.  
Afterward, BDS has been extensively applied to study confinement effects on structural 
relaxation in a variety of ultrathin polymer films deposited on various substrates [6, 62, 64, 74]. 
The deviations of the Tα from the bulk value have been observed in most reports, depending on 
the material, the polymer architecture, and the interactions between the sample and the substrate. 
For PVAc films (Mw = 1.2x105, 1.8x105 and 2.4x105) capped between two Al electrodes, the 
measured Tα at 100 Hz decreased gradually with decreasing film thickness below 100 nm (Fig. 
1.6), and the decrease was independent on Mw in such range [62]. Moreover, the shape of the 
structural relaxation (related to the distribution of relaxation times) was observed to change in the 
same thickness range, thus partially contradicting the idea suggested to explain the difference in 
thickness dependence of thermodynamic Tg and Tα observed in PS (see above paragraph). The 
not observed Mw-dependence of the Tα-reduction in this case might be related to the small range 
of molecular weight investigated for PVAc (only a factor of 2 between the minimum and the 
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maximum compared to a factor of 10 for PS measurements). In a similar study performed by 
Serghei and co-workers [6], an increase in the average relaxation rate was also observed when 
decreasing film thickness below 20 nm, i.e. much thinner than that found by Fukao and 
coworkers. Moreover, the decrease in Tα at 38 Hz was much smaller than that found in Fukao’s 
report. Such differences were explained as due to an incorrect calculation of the film thickness in 
Fukao’s study as pointed out by Serghei and coworkers [6]. In order to explain the observed 
results of an increase of the relaxation rate and a reduction of the dielectric strength, this last 
should reflect loss of mobile dipoles in the material i.e. a good polymer/substrate interaction, 
Serghei and coworkers supposed that the increase of relaxation rate is only apparent and it 
reflects an asymmetric “freezing-out” of the α relaxation modes – predominantly on the low 
frequency side – in regions close to interfaces. However, the asymmetric “freezing-out” 
suggested by Serghei and coworkers is in contrast with the results presented by Fukao and 
coworkers [62], in which the suppression of slow mode was not evident at all.  
In a later report [83], Serghei and coworkers evidenced that the Tα-shift of PMMA and PVAc 
films with decreasing film thickness was dependent on the annealing conditions. In particular, 
they measured dielectric relaxation of such films in several annealing steps including no 
annealing after spincoating, annealing after spincoating, annealing after evaporating the second 
electrode, and annealing after storing the samples in ambient air. Consequently, they found a 
slowing down of structural relaxation measured on all films with annealing time, and finally a 
shift of the Tα from the bulk value was not found on the film as thin as 10 nm. However, a Tα-
reduction of 2.5 K from the bulk value was evidenced on the Al-capped PVAc film with 
thickness of 5 nm after a long time of annealing at Tg + 50 K and the authors supposed that the 
“real” confinement effects can only observed on polymer films with thickness less than 10 nm 
after annealing them at a high temperature for a long time. 
For PMMA films, the impact of tacticity on confinement effects was evidenced when structural 
relaxation of capped ultrathin PMMA was measured using BDS [62, 64, 79, 96, 97]. A reduction 
of Tα measured at 40 Hz or 100 Hz with decreasing film thickness down to about 20 nm was 
observed for Al-capped s-PMMA [62, 96, 97] and i-PMMA [79]. In contrast, the Tα remained 
almost constant with decreasing film thickness down to about 10 nm for Al-capped a- PMMA 
[97]. These discrepancies may result from the difference in interfacial interactions between 
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PMMA with different tacticities and Al surface. In order elucidate the impact of interfacial 
interactions on relaxation dynamics of PMMA in ultrathin films, Wubbenhorst and coworkers 
have employed two different sample geometries of i-PMMA: one was capped between two Al 
electrodes, and another was sandwiched between two PS layers [64]. As a result, a reduction of 
Tα was observed on Al-capped i-PMMA films in agreement with results of some other reports 
[96,  97], whereas an increase of Tα was found for PS-capped i-PMMA films [64]. Two 
mechanisms including a contribution of the PS-PMMA interface region having a slower 
dynamics than that in PMMA layer and a reduced role of surface-induced orientations due to the 
absence of a hard wall boundary were proposed to explain the slowing down of structural 
relaxation when i-PMMA films capped between two PS layers. This means that by changing the 
nature of polymer/substrate interactions, confinement effects can behave in different ways even 
for the same polymer. 
   
 
Fig. 1.6. Temperature dependence of the maximum frequency of PVAc films at different thicknesses 
(from ref. [62]). 
 
The difference between thickness dependence in system with different tacticities might result 
from the fact that the interfacial interactions, to which confinement effects are expected to be 
related, depend on the tacticity of PMMA films (see for example Ref. [78] where such argument 
has been used to interpret ellipsometric measures on PMMA). Another possibility can be due to 
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the preparing and measuring conditions as suggested by Serghei and coworkers [83]. In fact, after 
an extensive annealing (carried out after spin coating, after evaporation of the second metal 
electrodes) they did not see a shift of Tα measured at 0.005 Hz on a 10 nm PMMA film from the 
bulk value [83].    
On some other polymer films, such as poly(ethylene terephthalate) (PET) or poly(2-
vinylpyridine) (P2VP), capped between two aluminum electrodes, a slowing down of structural 
relaxation with decreasing film thickness was found by Napolitano and coworkers [74, 98]. For 
example, an increase of about 8 K from the bulk of Tα at 23 Hz was observed on ultrathin PET 
films when film thickness decreased down to 13 nm [74]. The observed increase of Tα was 
explained due to a relatively high interfacial energy of PET and P2VP with Al substrates. 
Furthermore, using multilayer model that assumes the presence of a reduced mobility layer at the 
very interface between the metal and the polymer, authors could also explain the experimental 
results and estimated the upper limit for the thickness of the reduced mobility layer of about 10 
nm.  
In order to explain the difference in the variation of dynamics behavior in ultrathin polymer 
films, most of author supposed that the polymer/substrate interactions play a key role. In other 
words, the interfacial energy between a polymer and supporting substrate affect directly the 
dynamics of ultrathin polymer films. A strong interaction leads to decrease of segmental 
mobility, whereas a weak interaction can increase the mobility in ultrathin films compared with 
the bulk behavior. Some other factors like residual solvents or moisture that can be still retained 
in polymer films after annealing, thus an extensive annealing and measuring procedure has been 
suggested to carry out for confinement effect study [11].  
 
1.2.2. Supported polymer films with a free upper surface 
 
An uncapped supported film is usually prepared by spin-coating a solution of polymers onto a 
substrate and relaxation dynamics or glass transition temperature of the film can be measured by 
using various experimental techniques. Confinement effects on the glass transition temperature, 
Tg, of PS were the first to be systematically measured by Keddie and co-workers in 1994 by 
ellipsometry applied to films supported on hydrogen-passivated silicon wafers [51]. A substantial 
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reduction of the Tg was found with decreasing film thickness as thin as a few tens of nanometers. 
Moreover, the thickness dependence of the Tg was not observed to significantly depend on 
polymer molecular weight in the range of 120 - 2900 kg/mol (Figure 1.7). The authors suggested 
that there is a liquid layer existing at the free surface of the glassy film and this layer has an 
enhanced mobility compared to the bulk layer located far from the outermost surface of several 
nanometers. And, for PS films supported on hydrogen-passivated substrates effects by the liquid-
like layer on the Tg is greater than that by the substrate. They also proposed a model describing 
the measured Tg as a function of film thickness: 
g g( ) ( ) 1 ( )                                              (1.25)
AT h T bulk
h
δ⎡ ⎤= −⎢ ⎥⎣ ⎦   
where Tg(h) and Tg(bulk) are the glass transition temperatures of the film of thickness h and the 
bulk sample, respectively. The characteristic length A and the exponent δ are constants depending 
only on the nature of polymer. By assuming that the size of the liquid-like layer, ξ, diverges when 
Tg is approached from below [51], an empirical formula describing the temperature dependence 
of ξ was also suggested as, 
1/
g
( ) 1                                               (1.26)
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ξ
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The values of A and δ estimated by fitting the experimental data for PS films on silicon were 
about 3.2 nm and 1.8, respectively [51].  
Soon afterward, many works have been performed on supported PS films using the same [69] or 
other methods [56, 60] as that used by Keddie and co-workers [51]. Forrest and co-workers 
[ForrestPRE97] found slightly smaller values (about 5-10 K depending on the Mw) of Tg respect 
to Keddie’s results, but he used SiOx substrates instead of hydrogen passivated Si. It is possible 
that the apolar hydrogen passivated Si can be better wetted by the apolar PS respect to the polar 
SiOx. Wallace and co-workers [56] used the X-ray reflectivity method to measure the thermal 
expansion of PS (Mw = 233 kg/mol) films supported on hydrogen-passivated Si. They could not 
observe the glass transition on films thinner than 40 nm in the interval from Tg(bulk) - 70 K to 
Tg(bulk) + 60 K, whereas for thicker films they found an increase of Tg compared to the bulk 
value. Using positron lifetime spectroscopy to measure the expansion of the void volume on 
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hydrogen-passivated Si-supported PS films when increasing temperature, DeMaggio and co-
workers [60] found a reduction in Tg when PS films decreased down to tens of nanometers. 
Again, the different interactions at polymer/substrate have been proposed to explain the 
discrepancy with Ref. [56]. For example, Wallace supposed that since Keddie and co-workers 
measured the Tg of PS films in air, the Si substrate behaved as the silicon native-oxide surface 
due to the oxidation of the hydrogen-passivated silicon (H-Si). As a consequence, the 
polymer/substrate interactions in two cases were different. This explanation was not supported by 
a recent work of Fujii and co-workers [99] where they evidenced that the H-Si substrate buried 
underneath a PS film is not oxidized by annealing at 423 K in air. It is more likely that the 
resolution of the x-ray reflectivity measurements in Ref.[56] was insufficient to detect a glass 
transition in ultrathin films, as suggested by Forrest and co-workers [69]. 
 
PS PMMA
   
Fig. 1.7. The Tg of PS with three molecular weights on silicon, Mw of 120 kg/mol (circles), 500.8 kg/mol 
(triangles), 2900 kg/mol (diamonds), and PMMA on gold as a function of film thickness (from refs. [12, 
51]). 
 
The role of supporting substrates in the shift of Tg with decreasing film thickness becomes more 
important for polymer/substrate systems in which there are strong interactions between polymer 
and substrate surface. An example is the case of PMMA (the tacticity was not mentioned by the 
authors) supported on SiOx, an increase of Tg values with decreasing film thickness down to 10 
nm was observed by ellipsometry [12]. It was suggested that there is a strong interaction between 
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PMMA and SiOx surface due to hydrogen bonding created by hydroxyl groups on SiOx surface 
and electronegative groups (oxygen atoms) in methacrylate. However, this is not sufficient to 
explain why ellipsometry measures on i-PMMA and s-PMMA [78] give different results in terms 
of thickness dependent of Tg. In fact, we already mentioned that also tacticity should play a role 
in determining the interfacial interaction. However, if strong interactions are depressed, for 
instance, in PMMA/gold, a reduction of Tg in a similar way to that for PS supported on H-Si was 
observed (for s-PMMA films there is a reduction also on Al) [12]. The reduction of Tg of the 
thinnest Au-supported PMMA film (about 10 nm) from the bulk value was only about 7 K, much 
smaller than that of PS/Si-H system, about 23 K (Figure 1.7). Such a difference suggests that 
polymer conformation can strongly affect the confinement effects in ultrathin polymer films.  
An increase in Tg was also found in SiOx supported P2VP by using X-ray reflectivity [72]. The 
results were explained in terms of strongly favorable attractive interactions at the interfaces 
between P2VP and SiOx substrate. This explanation was supported by Napolitano and coworkers 
[68, 98] when they used BDS to study relaxation dynamics of Al-capped PET and P2VP, in 
which a strong interaction between polymers and supporting substrates was evidenced. 
About one decade ago the probably most accepted hypothesis to explain confinement effects in 
ultrathinf film was that with increasing interfacial energy the segmental mobility of polymer 
chains in the regions close to the substrate slows down, leading to increase the Tg in such regions 
compared to that of the bulk layers. Some systematic works hav been published to support such 
idea. For example, by preparing autoassembling surfaces of octodecyltrichlorosilane (OTS) on 
SiOx, Fryer and coworkers [13] could trim the interfacial energy, as estimated by contact angle 
measurements, between polymer films and substrates. The glass transition temperature of PS and 
PMMA deposited on substrates with different contents of OTS was measured by three different 
techniques, x-ray, local thermal analysis and elipsometry, and all the results showed a negative 
deviation from Tg (bulk) for low values of γsp, unchanged Tg at a critical value of γsp of about 2 
mJ/m2 and a positive deviation from Tg (bulk) with increasing γsp above the critical value (Figure 
1.8). It should be pointed out that the deviations of Tg’s values of the ultrathin films from those of 
the bulk samples measured by Fryer and coworkers seem to only depend on the interfacial energy 
between polymers and supporting substrates, but not depend on the nature of polymers at free 
surface. However, this is not supported by some later reports [76, 89]. Using fluorescence from 
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dye-labelled polymer Priestley and coworkers evidenced that the reduction of Tg respect to the 
bulk at the free surface of polymer films substantially depends on the structure of polymers, 
which can be seen in detail in Figure 1.9 [76].  
 
 
Fig. 1.8. Difference of Tg between ultrathin film and the bulk as a function of interfacial energy for PS and 
PMMA films (from ref. [13]). 
 
 
Fig. 1.9. Deviations of Tg from bulk Tg in ultrathin free-surface and substrate layers for three different 
polymers: PMMA, poly(ethyl methacrylate) (PEMA), and poly(iso-butyl methacrylate) deposited on silica 
(from ref. [76]). 
 
Recently, in order to verify a possible effect of the underlying substrate, PMMA prepared on 
several kinds of substrates having different interfacial energies were studied by Erber and 
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coworkers [11]. Surprisingly, they did not see any effects by neither PMMA/substrate 
interactions nor confinement on the ellipsometric Tg of polymer films. The authors also studied 
the impact of film thickness and supporting substrate on structural relaxation of the same samples 
using BDS technique. It is noteworthy that standard BDS has been recently used to investigate 
uncapped supported polymer films using a new sample configuration – based on an air-gap 
capacitor BDS. This approach was firstly published by Sharp and co-workers [95], but it obtained 
the recognition at international level after the works of the group of Prof. F. Kremer at the 
University of Leipzig [10, 65]. As a result, Erber and coworkers observed by air-gap BDS a 
similar trend to that measured by ellipsometry, i.e. no shifts of the dynamic glass transition for 
film thicknesses as small as 10 nm [11] (Figure 1.10). The agreement between two kinds of 
techniques, furnishing information on both dynamic and thermodynamics Tg, also eliminates the 
possible effects from experimental techniques. However, these observed results show a strong 
contradiction in the role of interfacial energy on the Tg of the same polymer films. 
Beside of the effects from interfacial interactions, other factors have been suggested to explain 
the differences between the experimental results. For example the different sample preparation 
procedures, such as annealing conditions or humidity, were supposed to be the main factor 
leading to the observed deviations of dynamics of ultrathin films from the bulk [11, 83]. In other 
cases it was suggested that the measured Tα, the peak temperature of the structural relaxation 
process, may be too far above the Tg to see any change in dynamics of confined polymers [85, 
95]. Recently, Napolitano and Wubbenhorst [15] evidenced a correlation between deviations 
from bulk behavior and an irreversibly adsorbed layer of polymer close to the supporting 
substrate. A dimensionless number given by the ratio between the timescale of the adsorption and 
the annealing time was introduced to explain the observed dependence on annealing conditions 
[83] of the deviations of polymer properties in ultrathin films from the bulk behavior.  
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Fig. 1.10. The Tg measured by ellipsometry (filled symbols) and Tα (at 120.74 Hz) measured by BDS 
(open symbols) plotted versus film thickness d. The measurement were carried out on different substrates 
(a, Si/SiOx), (b, gold coating), (c, silanized with HMDS), and (d, covalently bonded PMMA brushes on 
Si/SiOx). (from ref. [11]). 
 
As mentioned above, several descriptions have been proposed to explain the observed Tg 
deviation from the bulk behavior with decreasing film thickness. The multilayer description that 
has been successfully used to calculate the Tg distribution on supported polymer films will be 
detailed in the following in its application to uncapped supported films [93]. The background of 
this description comes from the fact that the mobility of polymer chains at free surface is 
supposed to be faster than that in bulk. Moreover, the mobility of polymer chains at interface 
with the substrate is supposed to be different than the bulk, depending on the interfacial 
interaction. The authors assumed that a supported film can be divided into many continuous 
layers with different values of Tg, in which the Tg at the top layer is the lowest, then gradually 
increases at the next layers to reach the bulk value, Tg(bulk). At the layers close to the substrate 
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interface, the Tg will remains or increases to higher values than the Tg(bulk) depending on the 
degree of polymer/substrate interactions.  
 
 
Fig. 1.11. Schematic representation of the multilayer model corresponding to a supported film: x1, x2, x3 … 
indicate the depth from the edge of the film and Sg(x1), Sg(x2), Sg(x3) … denote the Tg at that layer. The 
film thickness is t, and Tg(t) is the average Tg of whole film (from ref. [93]). 
 
The schematic representation of this model is shown in Figure 1.11, every layer in the film is 
designated as x1, x2, x3 … with corresponding Tg as Sg(x1), Sg(x2) , Sg(x3) … Based on this 
assumption they found the depth-dependent Tg profile as: 
g
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with x is the distance from the edge at free surface to the calculated layer, η is the statistical 
segment length of the polymer, and k is the parameter describing the degree of the interaction 
between the polymer and the surface of the substrate, k = 0 was used for the case of freely 
standing polymer films. For the case of poly(α-methylstyrene) films supported on Si wafers, in 
which the interaction between the polymer and the substrate is weak, they found that Tg(bulk) = 
446.8 K and k = η = 6.3 Å, and the thickness (t)-dependent average <Tg(t)> and depth-dependent 
Sg(x) profiles could be plotted as shown in Figure 1.12. According to this description, the 
reduction of <Tg(t)> with decreasing film thickness was explained due to the increase of the 
fraction of the surface layer, which has much lower Sg than the bulk value. For the cases of strong 
interaction between polymers and substrates where an increase of the Tg with decreasing film 
thickness was observed, the description could be also applied by giving a high value to k. 
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Although the description can be applied to estimate the deviation of Tg in free-standing and 
supported films, it does not address the physical reason for Tg-deviations in ultrathin films from 
the bulk value. Consequently, it cannot be used to explain, for instance, the Mw-dependent Tg 
reduction in the cases of high-Mw PS films that will be discussed in the following part.  
 
 
Fig. 1.12. The thickness or depth dependent <Tg(t)> (solid) and Sg (dash) profiles for the case of poly(α-
methylstyrene) (from ref. [93]).  
 
1.2.3. Freely standing polymer films  
 
In order to eliminate any effects from substrates on the Tg as measured on supported films, freely 
standing polymer films with air/polymer interfaces on both sides were used [100]. Such system 
was sometimes thought to be a good model for studying effects of pure geometrical confinement 
on the Tg since interfacial interactions with the substrate or evaporated electrodes are absent. 
Using brillouin light scattering, Forrest and co-workers could measure the Tg on freely standing 
PS films down to a thickness as small as 29 nm [69, 100]. The reduction of Tg observed on the 
thinnest film from the bulk value was about 70 K, much higher than that obtained on supported 
PS films [51, 69]. For PS films with Mw ≤ 378 kg/mol, the thickness dependence of the Tg seems 
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to be independent on molecular weight and the data can be described by Eq. 1.25, the same used 
for supported film (see previous section) with parameters A=7.8 nm and δ=1.8 (in the analysis δ 
has been fixed to the same value of the supported film) [4]. It is interesting noticing that the value 
of A is twice that obtained for supported film, thus reflecting the effect of two free surface 
instead of one only. In contrast, for high-Mw PS films (Mw ≥ 575 kg/mol) Tg(h) linearly decreases 
with the film thickness below a certain threshold value that is proportional to the Mw (figure 
1.13). The authors have proposed another empirical relation for describing the thickness 
dependence of Tg as follow: 
0
g 0
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with h0 is the threshold thickness, ζ is a constant. In Figure 1.12, the Tg vs h was plotted for freely 
standing PS films and the equations (1.25) and (1.28) were used to fit data in the two Mw ranges. 
 
Fig. 1.13. The thickness dependence of the Tg for free-standing PS films with various molecular weights. 
The solid curved line indicates the fitting by Eq. (1.25), while the solid straight lines indicate the fitting by 
Eq. (1.28) (from ref. [4]). 
 
Recently, using an optical photobleaching technique to measure the reorientation of dilute probes 
in freestanding PS films Paeng and coworkers revealed the existence of two subsets of probe 
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molecules with different dynamics [58]. They supposed that the slow subset represents the bulk-
like dynamics, whereas the more mobile subset represents the mobility of surface layers. 
Surprisingly, they did not observe the Mw dependence of the thickness and dynamics of the high-
mobility layer in a large Mw range between 160 and 7370 kg/mol, which is in contradiction with 
the results obtained by Forrest and coworkers [4]. It is noteworthy that the annealing procedure 
may be a reason for the observed difference in Mw-dependence of the Tg-reduction. For example, 
in works reported by Forrest and coworkers [4, 100] the freestanding films obtained by floating 
supported films in water were annealed in air at a temperature (320 K) much smaller than Tg of 
bulk PS (around 370 K), hence residual solvent or moisture may not be completely removed. The 
remaining solvent or moisture contents might depend on Mw [101].  
 
 
Fig.1.14. Tg versus h for freely-standing a-PMMA and PS films of nearly identical molecular weights. The 
solid circles for a-PMMA (Mw = 790×103), the solid triangles for PS using ellipsometry (Mw = 767×103), 
and the open triangles for PS using Brillouin light scattering for PS (Mw = 767×103) (from ref. [102]). 
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Fig. 1.15. Relaxation map of the segmental mobility for a film of PS of 40nm (from ref. [70]). 
 
Up to now, the most studies on freely standing polymer films have been made by measuring the 
deviation of the Tg from the bulk value with decreasing film thickness. However, measuring 
segmental mobility by dielectric spectroscopy is still a challenge to researchers on freely 
standing. There have been many efforts to overcome these instrumental difficulties in the last few 
years. One of the first results has been reported by Rotella and co-workers in 2009 [70]. The 
authors have introduced a novel experimental method taking advantage of the sensitivity of 
dielectric spectroscopy and being able to probe the segmental dynamics of freely standing 
ultrathin polymer layers over a broad frequency range (1 Hz - 1 MHz). PS films are suspended 
over interdigitated comb electrodes [70] deposited on a highly insulating substrate. In this study, 
an enhancement of segmental relaxation dynamics with decreasing film thickness was observed 
as shown in Fig. 1.16. Furthermore, by extrapolating the measured data the big decrease of Tg 
was also found and the results were in agreement with those obtained by Brillouin light scattering 
[69, 103], and ellipsometry [52]. 
The effects of confinement on the Tg of freely standing films of other polymer were also studied. 
The glass transition temperature of atactic PMMA (a-PMMA) was measured by Roth and 
Dutcher [102] using ellipsometry. A comparison of the Tg(h) data obtained for freely standing PS 
and a-PMMA films of nearly equivalent Mw was reported in that study. The same qualitative 
dependence of Tg on h was observed for both data sets, but the magnitude of the Tg reduction at a 
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given film thickness value was substantially less for the a-PMMA films than for the PS films 
(Fig.1.14). This quantitative difference is not surprising because PS is probably the polymer 
where the largest Tg shift has been observed. For free-standing PVAc films, only a slight 
reduction of the Tg of about 3 K on the film with thickness of 27.5 nm from the bulk value was 
observed by O’Connell and McKenna using the nanobubble inflation technique [104]. These 
results demonstrate that the chemical structure of specific polymers needs to be taken into 
consideration to explain Tg reductions in ultrathin polymer films.  
 
1.3 Relaxation dynamics in polymer nanocomposites 
 
Polymer nanocomposites have been intensively investigated in the past decade and are becoming 
more important for technological applications due to their unique properties [105]. Nanometric 
fillers in polymers offer the promise of multifunctional polymer nanocomposites with enhanced 
mechanical, electrical, optical, thermal or magnetic properties without a loss in transparency. 
Developing nanocomposites for advanced technological applications, however, requires the 
ability to predict and control their properties. A major challenge in this direction is a quantitative 
understanding of the structure and properties of the interfacial polymer at the boundary with the 
filler particles (Fig. 1.16). In fact, results obtained by various techniques indicate that the 
presence of an interfacial polymer layer around the filler could significantly modify the 
structure/morphology and chain dynamics of the polymer matrix [106]. In nanocomposites, such 
interfacial regions constitute a significant volume fraction of the composite even at low filler 
concentrations because of the large surface-to-volume ratio [107, 108]. Depending on the size 
and concentration of nanoparticles, as well as the nature of polymer-nanoparticle interaction, the 
interfacial regions might significantly affect or even dominate the average properties of the 
nanocomposite [109].  
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Fig. 1.16. Schematic representation of polymer-based nanocomposite: the filler is shown in red, the 
interfacial region in dark blue and the polymer matrix in pale blue (from ref. [108]).  
 
A variety of experimental techniques has been used to measure the change of dynamics in 
polymer nanocomposites with respect to pure polymer matrix, such as differential scanning 
calorimetry, thermally stimulated depolarization currents, broadband dielectric relaxation 
spectroscopy and dynamic mechanical analysis. It has been reported that the change of the Tg in 
polymer nanocomposites with respect to the pure polymer matrix can be as large as tens of 
degree, which is attributed to the interaction of polymer with the nanoparticle and the 
confinement of polymer regions within nanoparticles [72, 105, 110]. Recent experimental and 
numerical results indicated that Tg at the interfacial regions increased with the attractive 
interaction, and decreased with the repulsive interaction between nanoparticles and polymer 
matrix [111, 112]. 
Dielectric spectroscopy has been extensively used to study relaxation dynamics in polymer 
nanocomposites based on polyisoprene [113], polyamide, polystyrene [114], poly(methyl 
methacrylate) [115], and many others [116-120]. Either enhancement or suppression of the 
relaxation has been observed and interpreted in terms of interfacial interactions. Until now most 
of the experimental techniques, in particular dielectric spectroscopy, have studied averaged 
properties on large portion of the sample involving regions close to and far from the interface. 
But, there are very limited experimental techniques that can be applied to measure polymer 
dynamics at the polymer-nanoparticle interface. Most of the results obtained on this region have 
done using theoretical or numerical models.   
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Results obtained with molecular dynamics simulations and model systems may form a basis for 
discussing experimental results on chain dynamics in polymer nanocomposites. Recently, few 
experiments have been used to measure properties of interfacial regions in model systems. For 
example, Rittigstein and co-workers [110] proposed a model nanocomposite consisting of an 
ultrathin poly(2-vinyl pyridine)(P2VP) film capped between two silica plates. The film thickness 
at which the Tg begins to change was supposed as the thickness of the interfacial region in the 
spherical silica nanoparticle-P2VP composite. It was found that the size of the interfacial region 
can be as large as 250 nm, and depends on the degree of interaction between the polymer and the 
nanoparticle. Although this functionality remains to be quantified, this is one of the first times 
this behavior has been proved and quantitatively measured in a controlled nanocomposite system. 
Another model named continuous-multilayer has been proposed by Ahn and co-workers for the 
case of polymer nanocomposites with attractive interfacial interactions [121]. In the model, the Tg 
of interfacial regions was supposed to continuously increase when approaching to a nanoparticle. 
Using this model, the tendency of predicted Tg-enhancements in PMMA and P2VP 
nanocomposites with silica nanoparticles were qualitatively fit to experimental data in literature 
[110].  
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Chapter 2  
 
Principle of Local Dielectric Spectroscopy 
 
Local dielectric spectroscopy (LDS) [19] has been implemented and applied to the study of 
dielectric relaxation of thin insulating films at nanometer spatial resolution, with the perspective 
to evidence variations of dielectric behavior on such films in confinement or by interaction with 
nanoparticles. LDS is realized based on the electrostatic force microscopy (EFM) technique that 
has been extensively used for developing nanoscience and nanotechnology during the past two 
decades [122, 123]. The understanding of the operation principle of LDS has been an important 
part of the research activity in order to properly interpret the experimental results. A description 
of the fundamentals of the technique is herein reported. First we summarize the principle of the 
operation of an atomic force microscope (AFM). In the second section we introduce EFM 
fundamentals, giving a brief summary about some of its applications. Some well-known models 
for the interpretation of signals in electric force-based measurements are also presented in this 
section. Last, we detail the principles of dielectric measurements by using LDS.  
 
2.1 Atomic force microscopy 
 
2.1.1 AFM operation 
 
Atomic force microscopy invented by Binnig, Quate and Gerber in 1986 [124] is a scanning 
probe technique initially used to image surfaces of solid materials with nanometric lateral 
resolution. In AFM, a sharp tip is supported on a flexible cantilever, whose deflection can be 
detected, providing a measurement of the forces exerted on it. The tip is brought into close 
proximity of a sample surface in a controlled way with high precision, obtained by piezoactuator 
systems. Scanning the sample relative to the tip and measuring the interaction force as a function 
of lateral position produce images. With AFM, one can measure the forces between atoms at the 
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tip and the sample, which act in a range around 0.1 – 100 nm. The forces can be classified into 
attractive and repulsive forces. For attractive forces, van der Waals (vdW) interaction, 
electrostatic and magnetic forces, and chemical force can be included. The repulsive forces can 
be described as hard sphere repulsion, Pauli-exclusion interaction and electron-electron Coulomb 
interaction [125]. In general, the repulsive forces are very short range forces and can be modeled 
by exponential or inverse high order power law distance dependence.  
Figure 2.1 depicts the dependence of such forces on the distance between the tip and the sample 
surface [126]. Two distance regimes are labelled on this figure: the contact regime and the non-
contact regime. In the first one, the cantilever is held at less than a few angstroms from the 
sample surface, and the net interatomic force between the cantilever and the sample is repulsive. 
In the second (also called non-contact) regime, the cantilever is held on the order of tens of 
angstroms from the sample surface, and the net interaction force is attractive.  
 
Fig. 2.1. Interatomic forces vs. distance curve (from ref. [126]). 
 
The AFM can be operated in many ways. The primary modes of operation for an AFM are the 
static and dynamic modes. In the static mode that is also called contact mode (CM), the force 
acting between the tip and the sample causes a static deflection of the cantilever. The deflection is 
most commonly measured by optical detection through an interferometer or by reflecting a light 
beam off the cantilever and measuring its deflection [127, 128]. A convenient modality to operate 
CM-AFM is the constant force mode, where the tip or the sample are constantly adjusted along 
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the direction z, perpendicular to the scan plane, to maintain a constant deflection, and therefore 
constant interaction force. Since each value of interaction force corresponds to a certain tip-
sample distance through the interaction potential, as in Fig. 2.1, this mode provides profiles of the 
constant tip/sample distance over the surface. Refinements of this mode have been effectively 
applied to study physical properties of samples on the nanometer scale, such as elasticity, 
adhesion, hardness, friction. In conventional CM-AFM, however, during the scan the probe tip is 
dragged across the surface of the sample, giving raise to some serious drawbacks. In essence, the 
dragging motion of the probe tip, combined with adhesive forces between the tip and the surface, 
can cause substantial damage to both the sample and the probe. 
Mainly to overcome the above problems, the dynamic mode was introduced [129]. In the 
dynamic mode, the cantilever is made to oscillate at or close to its fundamental resonant 
frequency, being regarded as a damped harmonic oscillator. Its oscillation amplitude, phase and 
resonant frequency are modified by the tip-sample interaction forces. These changes in the 
oscillation with respect to the external drive provide information about the sample characteristics. 
Dynamic AFM can be performed in amplitude modulation (AM) [129] and frequency-modulation 
(FM) [20]. The AM-AFM measures the amplitude change of cantilever vibration excited by an 
external force with a constant frequency, whereas the FM-AFM measures the change of resonant 
frequency, when the cantilever oscillates at resonance excited by a suitable positive feedback 
loop drive.  
Dynamic AFM where the tip is not physically in contact with the sample is called non-contact 
AFM (NC-AFM) mode [129]. In this mode, the cantilever is usually oscillated in the attractive 
regime, with small vibration amplitude. In order to maintain the tip very close to the surface 
without jumping to the repulsive regime, highly stiff cantilevers with the resonant frequency in 
the range of 300-400 kHz are often used [128]. NC-AFM is desirable in studying soft surfaces 
because of the smaller interaction force exerted. For instance, it is suited to investigate the surface 
of synthetic membranes, which are mostly made of polymers [130, 131]. Even though NC-AFM 
is a very widely applied technique, it has poorer resolution respect to CM-AFM when using NC 
under ambient conditions. In general, a contamination layer is present on most surfaces in air, 
which fills in the nanostructures at the surface. Consequently, the obtained images are 
representative of the surface contamination layer, but not of the true sample topography [128].   
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After the invention of NC-AFM, Zhong and co-workers [132] suggested a modified AFM mode 
with large amplitude (up to 100 nm) of a stiff cantilever. This mode is called tapping mode AFM 
(TM-AFM) (or intermittent contact AFM), because the tip is influenced by the repulsive force 
from the sample only on a small portion of the oscillation. Using TM-AFM can overcome the 
limitations of the previous scanning modes by alternately placing the tip in contact with the 
surface to provide high resolution and then lifting the tip off the surface to avoid dragging the tip 
across the sample. In this mode, the probe is driven at a fixed frequency, close to the free 
resonant frequency of the cantilever. When the tip comes close to the surface, the tip/sample 
interactions change the resonant frequency of the cantilever, thereby changing the amplitude of 
the oscillation, as well as the phase lag, at the drive frequency. A topography image is measured 
by using a feedback loop to keep the oscillation amplitude of the probe constant by varying the 
tip/sample distance with the z-scanner. The phase lag of the cantilever oscillation, relative to the 
drive signal of the cantilever, is monitored and recorded independently. This phase lag is 
sensitive to variations in materials properties such as adhesion and/or elasticity. TM-AFM has 
been used successfully to reproducibly image such sample as polymers, unbacked photoresist and 
DNA, as well as numerous other fragile samples [126].  
 
2.1.2 Cantilever oscillation 
 
In this part, the cantilever motion in dynamic AFM will be described. In fact, in static AFM only 
the bending of the cantilever is observable and its bending force can be obtained by Hooke’s law. 
With dynamic AFM, the cantilever motion q(t) in figure 2.2 can be approximated by considering 
an equation of motion for a 1-dimensional point mass m attached to a spring: 
2
0
0 dr int 02
d d cos( ) ( + )                  (2.1)
d d
mq qm kq F t F z q
t Q t
ω ω+ + = +  
where F0 and ωdr are respectively the amplitude and angular frequency of the sinusoidal driving 
force, exerted in our case by moving the cantilever base with a piezo actuator. Q and k are the 
quality factor of the resonance and the spring constant of the cantilever, respectively. ω0 is the 
angular resonant frequency of the cantilever and Fint(z) is the net interaction force between the tip 
and the sample.  
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q(t)
 
Fig. 2.2. Schematic representation of the cantilever motion in dynamic AFM. 
 
In the case of the absence of the tip/sample interaction (Fint = 0), this happens when the tip is far 
enough from the sample, the equation (2.1) represents the model for the 1-dimensional force 
driven harmonic oscillator with damping. The general solution for this motion can be expressed 
as: 
dr 1( ) cos( ) e cos( ) (2.2)
tq t A ω B                              αϕ ω β−= − + +  
with ω1 the angular resonant frequency of the cantilever influenced by the damping effect and φ 
is the phase difference between the driving force and the cantilever motion. The first term is a 
steady solution and the second is a transient one. The transient term has exponential decaying 
time dependence with a time constant 1/α = 2Q/ω0. The transient term 1/α fades out and q(t) will 
show sinusoidal behavior with an amplitude of A given by the steady term. The amplitude A is 
dependent on the driving frequency ωdr: 
0
0 dr
2 2 2 2
0 dr
/
/ )
(2.3)
( ) (
m
Q
                                             
FA ω ω ω ω= − +  
The phase φ is also a function of ωdr: 
1 0 dr
2 2
0 dr
/( ) tan ( ) (2.4)Q                                              ω ωϕ ω ω ω
−= −  
The resonance angular frequency with damping (ω1) is related to the resonance angular frequency 
ω0 without damping by: 
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1 0 2
11 (2.5)
2
                                                              
Q
ω ω= −  
Solution of the equation (2.1) will be more complicated if considering the tip/sample interaction 
Fint. In general, the net interaction force consists of several forces with different active ranges. 
However, the harmonic model described above is helpful for a conceptual understanding of the 
dynamic AFM principle.  
 
2.2 Electrostatic force microscopy 
 
2.2.1 The principle of electrostatic force microscopy 
 
Electrostatic force microscopy (EFM) was introduced in 1988 by Martin and coworkers [122] 
based on an AFM, which enabled measurements of electrostatic forces and capacitances between 
the conductive tip and the surface with spatial resolution of 100 nm. After that, this technique has 
been used extensively in nanotechnology, for instance, to image localized charges on surfaces 
[133], to detect charges [134], or to analyze the formation of water nanobridges [123]. 
In EFM, a conducting probe should be used so that it can be biased with respect to the reference 
electrode, usually the conductive substrate over which the sample is placed. The forces between 
these objects are detected through response of the oscillating probe placed close to the sample, 
operating in the non-contact mode. These measurements have also revealed a need in separation 
of effects caused by electrostatic interactions from those contributed from other long-range forces 
such as van der Waals forces. One way to deal with this problem has been realized with 
introduction of the so-called two-pass technique or lift mode [135] as shown in Fig. 2.3. 
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Fig. 2.3. EFM LiftMode principles (from ref. [136]). 
 
During the first pass, the sample topography is measured by TM-AFM mode, and stored by the 
software. During the second pass, the cantilever is lifted up just above the sample at a specified 
distance (lift height), and scanned over the same sample path of the first scan [136]. During the 
second pass a voltage is applied to the cantilever and the electrostatic force or its gradient is 
measured. When lifted few nanometers over the sample surface, the tip interacts with the sample 
through long-range Coulomb forces, beyond the range of Van der Waals interactions. By this 
means, spatial variations in surface charge, dielectric properties or local work function of the 
sample change the interaction force and therefore amplitude, resonant frequency and phase of the 
oscillating probe, allowing the measurements of such physical quantities. 
To depict the tip/sample interaction in an EFM, it is useful to think of the AFM probe, the sample 
and the substrate over which the sample is placed as forming a very small capacitor (Fig. 2.4). 
The potential energy, U, of a capacitor with capacitance C charged by a generator with a voltage 
difference ∆V is given by: 
21 (2.6)
2
U C V                                                  = ∆  
An approximate expression for calculating the electrostatic force Fel between the tip and the 
sample used in most of literature about EFM is:  
2
el
1 (2.7)
2
CF V                                                        
z
∆∂= ∂  
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It should be pointed out that Eq. (2.7) holds only for very small probe-sample distance compared 
to the characteristic size of both probe and sample. A more general model in terms of capacitance 
coefficients was given by Lucchesi and co-workers [137] to describe all possible experimental 
configurations, especially when probe-sample distance becomes comparable to the characteristic 
size of the structures under investigation. 
During the second pass, the main interaction force between the biased tip and the sample is the 
electrostatic force, then we can consider that Fint = Fel. The instantaneous distance between the tip 
and the sample surface can be written as z(t) = z0 + q(t), thus the interaction force can be 
expressed, to first order in q, by: 
el
int ( ) const. (2.8)
FF q                                                     
z
∂= +∂  
- - - - -
 
Fig. 2.4. The probe and sample as forming two plates of a capacitor. 
 
By inserting equation (2.8) into equation (2.1), one can obtain the same differential equation of 
the harmonic oscillator with an effective spring constant ke 
el
e (2.9)
Fk k                                                                       
z
∂= − ∂    
As a result, the modified resonant frequency can be also obtained: 
 46
mod e el
0
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ω − ∂ ∂= =  
If ∂Fel/∂z << k, that corresponds to usual operation conditions ∆ω << ω0, the change in resonant 
frequency can be approximated as: 
mod
0 0
2
20
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where f0 = ω0/2π.  
When a dc and ac voltage, V(t) = Vdc + Vac cos(ωt), is applied to the system, the electrostatic 
force between the probe and the sample is: 
el surf dc ac
2[ cos( )]                                  (2.12)1
2
V V tCF
z
ωΦ − −∂= ∂  
where surfΦ is the potential difference between the probe and the sample, when there is no applied 
voltage, also called contact (or surface) potential difference (CPD) [138]. This force can be 
classified into three components defining d.c. and a.c. responses: 
2el dc                                              (2.13)F F F Fω ω+ +=  
where  
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In the signal spectrum, such three separate frequency components are observed: Fdc, Fω, F2ω, 
which can be measured selectively. 
Depending on the physical quantity measured, a variety of methods based on electrostatic force 
techniques has been designed, among them scanning capacitance microscopy (SCM), Kelvin 
probe microscopy (KPM), scanning polarization force microscopy (SPFM), local dielectric 
spectroscopy (LDS). 
Detection of the signal at frequency ω allows to study the distribution of the surface potential 
surfΦ ; this technique is named Kelvin probe microscopy [139]. In this method, surface potential is 
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obtained by adjusting Vdc so that the signal at frequency ω becomes null. Such nulling occurs 
when Vdc = surfΦ  [140].   
The practical value of KPM has been established in applications to different materials, ranging 
from semiconductor structures to biological specimens. In studies of semiconductors and metals, 
KPM is applied for quantitative measurements of the surface potential of small structures such as 
thin films, layers, lines, quantum dots and the planar and cross-section dopant profiles. The 
correlation of the surface potential with Fermi level and the influence of surface contamination, 
oxide coverage and environment on these measurements are of special concern. KPM 
measurements have been also performed on various small-scale devices, including organic thin-
film transistors. The mapping of surface potential difference in the accumulation layer revealed, 
for instance, surface potential changes at the film interfaces between source and drain elements 
[141, 142]. 
A synchronous detection of the cantilever oscillation amplitude at frequency 2ω allows mapping, 
on the same surface, the quantity /C z∂ ∂ - the derivative of the capacitance with respect to the z-
coordinate. This technique is named scanning capacitance microscopy (SCM) [143]. One of the 
most common applications of SCM is mapping of the carrier concentration on non-uniformly 
doped samples, e.g. determining dopant profiles in ion-implanted semiconductors, characterizing 
the electrical properties of the gate oxide in Metal-Oxide-Semiconductor devices, and mapping 
defect distribution can be successfully achieved by the SCM [144]. The SCM can be also used in 
the field of non-volatile ultrahigh density memories, as well as in studying local dielectric 
properties of subsurface layers of the samples.  
Recently, Fumagalli and co-workers [145] have developed the so-called nanoscale capacitance 
microscopy, which is based on high-resolution measurement of capacitance-distance curves. 
While a sinusoidal voltage is applied between the AFM probe and the bottom electrode of the 
sample, the ac current is measured using a state of the art high sensitivity current amplifier. From 
the sample impedance, the tip-sample capacitance can be obtained according to distance 
variations. Then, it is possible to extract the dielectric permittivity of the sample by fitting the 
capacitance-distance curve with an appropriate model. 
A different approach to measure the dielectric permittivity of thin insulating films has been 
proposed by Sasha and co-workers [146]. In this method, a d.c. voltage is applied to the probe, 
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while the sample holder is grounded. From the detected electric force gradient, the sample 
permittivity is obtained by fitting using the equivalent charge method. Basing on this method, 
Riedel and co-workers [17] were able to detect the relative dielectric permittivity of PS and 
PVAc at two different temperatures with nanoscale resolution. The obtained results were in good 
agreement with those at the macroscopic scale. 
 
2.2.2 Tip-sample capacitance models 
 
A standard EFM probe is usually described as consisting of three parts: an apex with the shape of 
a spherical cap, a probe shaft of conical shape, and a cantilever. The models of the capacitance of 
an EFM probe/sample system usually include three corresponding components as shown in Fig. 
2.5 [21, 147, 148]. Each part is capacitively coupled to the sample surface in parallel to the other 
ones, so that the total capacitance is: 
apex cone cantilever                                                  (2.17)C C C C= + +  
The total force also comes from the sum of three components (Eq. 2.6): 
apex cone cantilever                                                      (2.18)F F F F= + +  
where   apex 2 2 2cone cantileverapex cone cantilever
1 1 1,  ,   
2 2 2
C C CF V F V F V
z z z
∂ ∂ ∂= ∆ = ∆ = ∆∂ ∂ ∂   
Due to the long range of the electrostatic interaction, each part of the probe provides its own 
contribution to the total electrostatic force [21]. Such contributions depend on the tip-cantilever 
system size such as the tip apex radius, the height of the cone, the length and width of the 
cantilever, the sample thickness, and the tip-sample distance. In practice, when the tip-sample 
distance is of the same order of the tip apex radius and the sample thickness is much smaller than 
the height of the cone, the cantilever contribution to the force gradient may be neglected [149, 
150].   
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Fig. 2.5. An EFM probe consisting of three parts: an apex, a cone and a cantilever. Each part acts as a 
parallel capacitor with the sample. 
 
Various analytical and numerical methods have been developed to calculate the capacitance of 
conductors at equilibrium. Using the finite element method Belaidi and co-workers [151] have 
successfully calculated the distance dependence of the electrostatic force between a metallic 
surface and the conductive probe. Later, the dielectric property of an insulator sample deposited 
on a metallic substrate has been also analyzed by applying the generalized image-charge method 
[146]. Even though numerical methods can provide a detailed determination of the electrostatic 
force of a tip-sample system with a given geometry, they are not versatile enough to readily 
discuss the influence of the relevant experimental parameters (tip shape, tip-surface distance etc.). 
In contrast, analytical models lead to analytic expressions for the capacitance or force, on which 
influence of geometry can be checked more easily [147].  
The simplest model known as a parallel-plate capacitor was used by Martin and co-workers [122] 
to fit the measured force versus separation for a grounded Si sample with different d.c. voltages 
applied to the tip. In this model, the capacitance of the tip/sample system is presented as 
s 0                                                                      (2.19)
SC
z
ε ε=  
where εs is the relative permittivity of the dielectric sample deposited on the conductive substrate 
and ε0 is the dielectric permittivity of vacuum. S is the effective area of the capacitor and z is the 
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distance between the tip and the substrate. Taking Eq. (2.22) into Eq. (2.7), the electrostatic force 
is expressed as: 
2s 0
el 2
1                                                            (2.20)
2
SF V
z
ε ε= − ∆  
At a small tip/sample distance, the model of a parallel-plate capacitor gives a good fit of 
experimental data and can be used to estimate the sample dielectric constant. 
A more complex model to calculate the capacitance of the tip/sample system has been developed 
by Hudlet and co-workers [147] by considering the conductive substrate as an infinite plane 
surface and the tip as an axial symmetric cone with a spherical apex (Fig. 2.6), while the 
contribution of the cantilever to the total capacitance was neglected. In this model, the tip’s 
surface was identified as a superposition of infinitesimal surfaces obtained by facetting. The 
electric field created between each facetted conductor and the plane surface was evaluated by 
postulating that the electric field on each infinitesimal tip facet is that which would be created by 
the dihedral capacitance constituted by two infinite planes in the same relative orientation.  
Using such model, approximated analytical formulas of the tip-conductive sample capacitance 
and electrostatic force were found.  
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where  R, θ0 and H are the apex radius, the half-angle and the height of the cone, respectively. 
The tip/sample distance dependence of the electrostatic force calculated using above expressions 
was tested by comparing with those obtained experimentally and numerically. The agreement, for 
instance, between the model and the numerical results is good in a large range of the tip/sample 
distance (from 10-10 to 10-6 m for the case of the tip radius R = 20 nm) with the difference never 
exceeding 10%. The main advantage of this analytical expression was that it offered the 
possibility of describing analytically the variation of the force with the tip-surface distance. It can 
be also used to determine the tip parameters such as the apex radius, the half-angle and the height 
 51
of the cone. However, for obtaining correct values for such parameters the contribution from the 
cantilever should be included [148]. 
 
 
Fig. 2.6. Tip-finite flat surface system (from ref. [147]). 
 
A similar model, which takes into account the contributions of the macroscopic cantilever, the 
mesoscopic tip cone as well as of the nanometric tip apex, has been given by Colchero and co-
workers [21]. The force acting on the cantilever results  
2
cant 0 2
1 w 1                              (2.24)
2 ( ) (1 tan )
LF V Lz H
z H
ε
α
= − ∆ + + +
 
where L, w, and α are the length, the width and tilt angle of the cantilever, respectively. The 
model has been improved by Law and co-workers [148] and Bonaccurso and co-workers [12] in 
order to get the best fit with the experimental data as well as to apply it for several cases of tips. 
Even though by using the above models it is possible to interpret well the detected electrostatic 
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force between the conductive probe and the metallic sample, they could not be applied in the 
important case of dielectric samples due to its greater complexity. 
To analyze the polarization of thin insulator films deposited on a metallic substrate, a simple 
analytical equation has been introduced by Krayev and co-workers [153] using the model of a 
spherical capacitor with the internal radius r as the apex radius and the external radius Z as the 
distance between the conductive substrate and the center of the apex. However, this model can be 
only applied to estimate the dielectric constant of thin insulator films whose thickness is very 
large with respect to the tip radius and the tip/sample distance. In addition, dielectric constants of 
two reference samples are required to measure the unknown one. 
Another simple model to describe the electrostatic force acting on thin insulating films has been 
developed by Sacha and co-workers [146] from that acting on conductive samples [154, 155]. 
The equation is given as 
2
macro 0                                                (2.25)/
RF F V
z h
πε ε∆≈ − +  
where Fmacro is the contribution of the macroscopic portion of the probe, z is the tip/sample 
distance, h and ε are the thickness and permittivity of thin film, R is the tip apex radius. This 
approximation makes it possible to obtain a quantitative value of h/ε by measuring the 
force/distance curve difference between the dielectric thin film and the metallic sample not 
covered by the film. If the thin film thickness is known, Eq. (2.25) provides a simple and useful 
method to determine the dielectric constant of a thin insulator film. The authors also show the 
good agreement between the force obtained from Eq. (2.25) and the one calculated by the 
generalized image-charge method.  
Gomila and co-workers [156] have introduced another analytical model of the capacitance 
between the nanometric tip and the thin dielectric film deposited on a metallic substrate.  In this 
model, the capacitance of a tip-sample system includes stray and apex parts (Fig. 2.8.). The stray 
part shows a linear dependence with tip-sample distance while the apex has a logarithmic 
dependence:  
0 0
stray stray
0
apex 0 ]
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where  kstray and C0(R, θ0) are constants with respect to the distance z. 
 
 
Fig. 2.7. Tip-sample configuration with dielectric layer (from ref. [156]). 
 
Based on this model, the local low-frequency dielectric constants of thin insulating films were 
measured by using nanoscale capacitance microscopy [17]. The results were in agreement with 
the values determined with standard macroscopic techniques.  
 
2.3. Local dielectric spectroscopy 
 
Local dielectric spectroscopy (LDS) [19, 66], based on the EFM technique, has been introduced 
to measure dielectric relaxation in thin and ultrathin polymer films with a free upper surface. In 
LDS, the variation of the tip resonant frequency at the second harmonic 2ω due to the applied 
a.c. potential is obtained by means of frequency-modulated noncontact AFM [20] (FM-AFM). 
Although FM-AFM was originally developed to increase scan speed with high-Q cantilevers 
under ultra-high vacuum environment, we use it for the present work since it has the advantage to 
track the resonant frequency of the cantilever in real time and therefore to provide a direct 
measurement of force gradients, that is the quantity of interest in EFM. The second harmonic of 
the resonant frequency modulation is chosen since it is only influenced by capacitive interactions, 
while both the d.c. (Eq. 2.14) and first harmonic (Eq. 2.15) ones are also affected by the contact 
potentials between the tip and the sample [158]. 
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To describe the dielectric relaxation of polymer films, the complex dielectric function ε*(ω) = 
ε’(ω) – iε”(ω) can be used. Then, the capacitance of the tip/sample system is also described itself 
as a complex function: C(ω) = C’(ω) – iC”(ω). By combining equations (2.11) and (2.16), 
∆f2ω(t) can be expressed as a function of the complex capacitance as: 
2 2
0
2
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2 2 e( ) Re                                             (2.28)4
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∂∆ ∂  
The presence of an imaginary part of the system capacitance reflects the existence of a phase lag, 
in the following also called loss angle, δv, of ∆f2ω(t) with respect to the excitation voltage, 
originating from the dielectric loss mechanism. Eq. (2.28) can be rewritten as: 
v
0
2 2 cos(2 )( )                                            (2.29)ωt - δf t = fω ω∆ ∆  
with 
2 2
v 2 2                                                                   tan (2.30)
''
'
C / zδ =
C / z
∂ ∂
∂ ∂  
2
0
2 2
0 2 2res
2 2 2( ) ( )                                          (2.31)4
Vf C' C"f = - +  
k z zω
∂ ∂∆ ∂ ∂  
According to the model given by Gomila and co-workers [156], the second derivative of the 
system capacitance is mainly contributed from the apex part of the probe. Thus, Eq. (2.30) can be 
written as: 
2 '' 2
apex
v 2 ' 2
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C z
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Therefore, by measuring the phase shift angle, the dielectric relaxation of the insulating sample 
can be characterized.  
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Chapter 3 
 
Experiment 
 
3.1 Sample preparation 
 
3.1.1 Materials 
 
Polyvinyl acetate (PVAc) with different molecular weights is purchased from Scientific Polymer 
Products, Inc, and used as received without further purification. The molecular weight and radius 
of gyration, Rg, of the polymers are listed in Table 3.1, where the values of Rg were 
approximately estimated by the relation Rg = 0.029(Mw)1/2 nm [159]. PVAc is chosen in our study 
for several reasons. The first is that literature data about confinement effects on the relaxation 
dynamics and glass transition of PVAc are partially contrasting [6, 62, 10, 71, 85]. Moreover, 
PVAc has polar groups (-COO-) that easily interact with nanoparticles, favouring their 
dispersion, as well as with hydrophilic substrates. The hydrophilicity of PVAc also allows 
investigating the impact of moisture (plasticizer) adsorption on confinement effect, which is also 
a debated topic in literature [71, 85]. From the experimental point of view, the good polarity of 
PVAc allows its investigation by means of dielectric spectroscopy related technique, the expertise 
of which in the laboratory where the research has been performed is well recognized. In addition, 
PVAc was previously investigated in the bulk using various experimental techniques [6, 62, 160-
162], offering opportunities to validate the new experimental technique herein used at the 
beginning of the work. Finally, the glass transition temperature of PVAc (in the range 300 – 310 
K) is close enough room temperature, and this facilitates operation with our experimental setup.  
The organophilic modified montmorillonite (MMT), Dellite D72T [NaxAl2-
xMgxSi4O10(OH)2·nH2O] was kindly supplied by Laviosa Chimica Mineraria SpA, Livorno, Italy. 
An example of its structure is provided in Figure 3.1. It is composed by alternated octahedral 
alluminun-oxygen and tetrahedral silicon-oxygen layers. A gap exists between each couple of bi-
layers, in which some cations are present. To improve the compatibility of the clay with the polar 
 56
polymer, thus obtaining a good dispersion down to single layers of MMT the clay has been 
organomodified by cationic change with dimethyl-dihydrogenated tallow ammonium ions (35 wt 
%), it has an average particle size of 7-9 µm, 0.45 g/cm3 bulk density, 2.85 nm interlayer spacing 
and 725 m2/g active surface area [163, 164]. This means that the metallic ions present in the 
galleries are substituted by organic cations, where hydrocarbons tails are present. The presence of 
such hydrocarbons tails are supposed to improve the capability of polymer chain to enter in the 
galleries, thus producing a delamination of the single bi-layers, and their dispersion in the 
polymer matrix. 
 
 
Fig. 3.1. The structure of MMT (from [165]). 
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Fig. 3.2. Topography images of three substrate surfaces measured by AFM in tapping mode. 
 
Table 3.1. Molecular characteristics of PVAC sample herein used.  
Chemical formula Mw, kg/mol Rg, nm Mw/Mn 
15 ~ 3.5 2.5 
167 ~ 12 2.6 
 
 350 ~ 17 2.8 
 
Three kinds of supporting substrates are used in this study including gold, aluminum and silicon. 
Gold layers of 30 nm thickness are obtained by thermal evaporation on glass disks previously 
evaporated with a ~5 nm adhesion layer of chromium, whereas aluminum layers of 50 nm are 
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directly evaporated on glass disks. Silicon substrates are obtained from standard monocrystalline, 
doped Si(100) wafers for microelectronics use. The substrate surfaces are tested by tapping mode 
AFM (Figure 3.2) allowing the measurement of the roughness values that for gold, aluminum and 
silicon surfaces are 0.4 nm, 1.1 nm and 0.3 nm, respectively.  
 
3.1.2 Ultra-Thin film preparation 
 
Thin and ultrathin PVAc films are prepared by spin-coating solutions of PVAc in toluene onto 
the above mentioned substrates. The thickness of the films is controlled by changing the 
concentration of PVAc solutions in the range from 0.5 to 3 weight percent and the spin speed 
within 5000 – 7000 rpm. PVAc films with thicknesses between 8 nm and 233 nm are prepared 
and used in our studies. In Figure 3.3 (left), the typical surface topography of a gold-supported 9 
nm thick PVAc film (Mw = 15 kg/mol) measured by an AFM tapping mode is shown. The surface 
roughness of polymer films is about 0.4 nm over an area of 2 µm2 independent on film thickness 
and polymer molecular weight. 
Thin nanocomposite films are prepared by spin-coating a solution of PVAc (Mw = 167 kg/mol) 
and MMT (7x10-4 % w/w) in toluene on gold substrates. The films with thickness from 35 nm to 
55 nm are obtained, showing extended areas containing small aggregates (few layers) or even 
single MMT sheets. Large aggregates of MMT are not observed. Such a situation is pursued to 
allow the study of the transition region between the pure polymer and the one including the 
inorganic nanostructure. Topography (tapping mode, TM) and TM phase images of a 55 nm thick 
nanocomposite film are shown in Figure 3.3 (right). It can be seen that when MMT sheets are 
located close or on top of the polymer film’s upper surface, they are visible as corrugations in 
topographic image (upper-right). Simultaneous TM phase imaging (under-right) easily allows 
identification of MMT inclusions, even when they are partially buried in the polymer. In fact, TM 
phase imaging qualitatively reflects the mechanical properties of the sample. The different 
rigidity of MMT than PVAc and the perturbation of the average properties of the probed surface 
region in presence of the inorganic component finally make its identification possible. 
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Fig. 3.3. Surface images of a 9 nm thick PVAc film (left) and a 55 nm thick MMT-PVAc nanocomposite 
film (right) measured by AFM in tapping mode.  
 
 
 
Fig. 3.4. Topography (left) of polymer surface with a scratch and the profile (right) that allows 
determining the film thickness. 
 
All polymer and nanocomposite films are subjected to a similar annealing procedure at 323 K 
under vacuum condition (< 10-4 bar) for about 3 days in order to remove residual solvent and 
moisture from the samples. After annealing, no effect of the residual solvent is observed as 
evidenced by the reproducibility of measured spectra with further annealing at the same 
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condition. In order to study annealing effects on relaxation dynamics, some samples are further 
annealed under vacuum (< 10-4 bar) at 366 K with different annealing times. Note that further 
annealing at 366 K (~ Tg + 50 K) is performed so that we can compare our results with those 
reported by other authors [15, 83]. The annealing has been performed in a vacuum chamber 
(NSV 9035, 30 L) equipped with a two-stage rotative vane pump (Alcatel), which allows to 
obtain a limit vacuum as high as 10-7 bar. In order to avoid the contamination of the samples due 
to oil-diffusion, a liquid nitrogen cold trap is placed between the pump and the vacuum chamber. 
Moreover, the sample is maintained for most of the time in a static vacuum (i.e. the pump is 
turned off and the valve connecting with the chamber closed). This choice is not a limitation 
because the volume of the vacuum chamber is much larger than that of the sample. 
Prior to dielectric measurements, a scratch is made on each film by a steel cutter in order to 
uncover part of the conductive substrate beneath. The conductive substrate exposed by scratching 
the polymer with the cutter is used as reference for the calibration of the local dielectric 
measurements. Moreover, the analysis of the profile in the transition region from the polymer to 
the metal is used to determine the film thickness The topographic image of a 63 nm thick 
polymer film with the scratch and its AFM profiling are presented in Figure 3.4. 
 
3.2 Local Dielectric Spectroscopy apparatus 
 
3.2.1 Operation of atomic force microscopy 
 
LDS measurements have been performed by a Veeco Multimode AFM (Nanoscope IIIa with 
ADC5 extension) operated in lift mode as described in Chapter 2. Frequency-modulated (FM) 
EFM with improved bandwidth is implemented through a RHK Technology PLLProII phase-
locked-loop (PLL) detector, having a nominal response bandwidth of 4 kHz that could be 
extended to about 10 kHz by appropriate setting of internal filters and DAC sampling rates. In 
essence, such bandwidth indicates the limit rate at which the PLL detector is able to follow a 
rapid change of the resonant frequency of the AFM cantilever. In FM-EFM, such resonance 
frequency change is caused by the electric force gradient due to biasing the probe by an a.c. 
voltage, and is modulated at the second harmonic of the excitation frequency. As demonstrated 
 61
by the spectra herein reported, we are able to operate with electric excitation frequency as high as 
5 kHz. Regarding the low frequency, we are limited at 0.5 Hz because of mechanical stability of 
the instrument that is at the basis of a drifting of the sample position with time. The two limits 
allow investigating relaxation dynamics over a frequency interval of four decades. For electric 
excitation and acquisition of dielectric spectra, an external dual-phase lock-in amplifier (SRS 
SR830DSP) controlled through General Purpose Interface Bus (GPIB) by a home-made LabView 
routine is used. Doped silicon, Pt-coated (Nanosensors PPP-NCLPt) AFM cantilevers were used, 
with spring constant k ∼ 45 N/m, resonant frequency fres ∼ 165 kHz, and nominal tip radius of 
around 25-30 nm (Fig. 3.5) that is also estimated by applying a new calibration procedure 
described below.  
 
200 nm
 
Fig. 3.5. TEM image of a metallized-Si tip with R ~ 25 nm. 
 
In order to perform dielectric measurements, it is necessary to locate the tip at a certain height 
above the sample. Such condition is obtained by operating the microscope with a double pass 
method in interleave mode, that means each scan line is repeated twice consecutively. During the 
first pass, which is done in standard TM, the application of electrical potential to the tip is 
inhibited by an automatic switch to reduce charge transfer effects and the topography of the 
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sample is acquired. During the second (lifted) pass at the set lift height the a.c. potential 
difference is applied between the tip and the substrate in order to induce the polarization. The 
surface potential difference (SPD) between tip and surface, essentially due to their different work 
functions, is measured in situ by KPM method also available in our setup, and minimized during 
LDS measurements to reduce the first harmonic contribution to the signal. The average distance 
between the AFM tip and the sample surface during the electric measurements is calculated by 
summing the average tip-sample distance on tapping mode with the set-lift height. The former is 
obtained by amplitude calibration performed as customary by AFM tapping mode 
amplitude/distance curves. For all dielectric measurements, the tip/sample distance is estimated 
around 20 nm with oscillation amplitude of 4–6 nm. With such figures, the influence of Van der 
Waals (VdW) forces, characterized by a typical range of few nanometers [166], is expected to be 
negligible during the lift pass compared to electrostatic forces as previously stated. A schematic 
representation of the experimental setup is shown in Figures 3.6 and 3.7. Figure 3.6 represents the 
operation of AFM in tapping mode, at which the cantilever oscillates in contact with the sample 
surface. As a result, topographic and TM phase images are obtained. Figure 3.7 represents the 
operation of AFM in lift mode, at which an a.c. voltage is applied to the probe, while the 
conductive sample holder is grounded. The variation of the tip resonant frequency is detected in 
both amplitude and phase shift through the lock in. Our microscope is operated in controlled 
humidity within a homemade enclosure and during measurements the relative humidity is about 
3-4 % (unless otherwise stated). The sample temperature is controlled using thermoresistive 
heater driven by a thermal application controller (TAC, Veeco).  
Dielectric measurements can be performed as single point (fixed position) isothermal frequency 
spectra as well as isothermal single frequency images of a region of the surface (from hundreds 
of nm to ten of micrometers). The procedure for acquiring images is as follows. After 
thermalization of the sample at the set temperature, the region of interest is framed and the scan 
parameters are adjusted in order to optimize the contrast and stability of images. Then a lift-mode 
double-pass scan is performed by recording topography and tapping-mode phase images during 
the first pass. During the second pass, a phase shift image is recorded when the a.c. potential is 
applied at a given frequency ω. The lock-in demodulated phase lag angle, δv, or the amplitude of  
∆f(t) at the second harmonic can be recorded point by point. 
 63
 
z0
 
Fig. 3.6. Operation of an AFM on TM (left) and the corresponding probe oscillation (right) (not in scale). 
 
 
Fig. 3.7. Operation of an AFM on lift mode (left) and the corresponding probe oscillation(not in scale) 
(right). 
 
To measure single-position dielectric spectra, the tip is placed on the desired spot of the sample 
and its lateral scanning motion is stopped (by setting a scanning size of 0 nm), while the lift-
mode sequence is still active. This implies that the tip ideally stands in tapping mode on the same 
point of the surface for a certain time, equivalent to the scanning time, and then stands lifted on 
the same point and for the same amount of time. In this condition, the spectra-acquisition routine 
is executed, which changes the electrical excitation frequencies at each lift-mode sequence and 
acquires the lock-in demodulated amplitude and phase lag of ∆f(t)  at 2ω. The alternating tapping 
and lift sequence (although the tip is actually at rest in the lateral direction) provide an update of 
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tip/sample distance that otherwise could deviate with time from its set value due to thermal or 
mechanical drifts that may occur for too-long measurement periods. The same measurement at 
each ω can be repeated a number of times, and the results averaged, in order to reduce noise. 
Measurements within a range of frequencies (in our case, between 0.5 and 5000 Hz) form a local 
dielectric spectrum. In particular, loss-tangent spectra, tan δv(ω), are calculated from the phase 
data by subtracting a calibration (base line) measurement obtained on the bare-metallic substrate 
to take into account and subtract all instrumental contribution to the signal. Noticing that the 
capacitance (Eq. 2.27) is not linearly depending on ε, thus the quantity tan δv is dependent on the 
material properties as well as on the geometry of the capacitor. In other words, tan δv is a 
different quantity from the tangent of the loss angle usually considered in conventional dielectric 
spectroscopy, even if their temperature and frequency dependencies are qualitatively very similar.  
Finally, during the calibration measure the tip is positioned on the region of a scratch where the 
metal electrode is uncovered and a dielectric spectrum at the same frequency points the ones 
measured on the polymer film is recorded. This calibration is repeated at each temperature and is 
performed at the same distance from the metal substrate than during the measurement of the film. 
In this way, we compare two situations with the same geometrical arrangement, the only 
difference being the presence or absence of the dielectric layer. This would guarantee that 
capacitance contribution from long distance part of the AFM probe (cone and cantilever) should 
be equally considered in the two cases and removed after subtraction. As an example, if a 
dielectric measurement is performed at a tip/sample distance of 5 nm from the polymer surface, 
and the film thickness is 35 nm, the calibration measurement should be performed on the metal 
region at a distance of 40 nm. Figure 3.8 shows a loss-angle spectrum (right) on a 233 nm thick 
film at 327.4 K obtained by subtracting the averaged (from four measurements) phase shift 
spectrum on the scratch to that on the polymer (left). 
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Fig. 3.8. Phase shift spectra measured on the scratch and polymer surfaces (left) and loss-angle spectrum 
obtained by subtracting the spectrum on the scratch to that on the polymer (right). 
 
3.2.2 Calibration of the tip radius  
 
The tip-radius calibration is performed on a metallic surface using a double–pass method at room 
temperature and low humidity. In particular, after the first scan the tip is lifted by a constant lift-
height and at the same time a d.c. voltage, Vdc, is applied to the tip/substrate system. Due to the 
electrostatic interaction between the tip and the metallic substrate, the tip resonant frequency is 
shifted by ∆f(Vdc) that can be formulated as the specific case of the Eq. (2.11), 
2
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dc 2
2 2
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where A(z) is a parameter dependent on the tip/sample distance, z, and C is the tip/substrate 
capacitance obtained from Eq. (2.27) by setting h = 0 (there is no insulator film on the substrate), 
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By fixing the lift height and changing Vdc, the parameter A is a constant coefficient and can be 
determined by fitting the obtained parabolic curve ∆f(Vdc). Figure 3.9 shows two ∆f(Vdc) curves 
measured at different tip/sample distances, and the values of A obtained by fitting the data using 
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Eq. (3.1) with z = 19 nm and 27 nm are 1.64x10-3 and 3.27x10-3 (the unit is 2
Hz N / m
V 1/ s
), 
respectively, here the tip resonant frequency and elastic constant are known as f0 = 164.7 kHz, k = 
46 N/m . A value of the radius R is then obtained by fitting the values of A(z) with expressions 
(3.2) and (3.3) (Fig. 3.10). The fitting curve interpolate well the obtained values of A(z), and the 
fitting gives R = 26 ± 2 nm in excellent agreement with the nominal range. 
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Fig. 3.9. Parabolic profiles of frequency shift curves measured on a gold substrate at two tip/substrate 
distances.  
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Fig. 3.10. A(z) curves measured on a gold substrate as a function of the tip/substrate distance. The analysis 
of the curve by using Eqs. (3.2) and (3.3) gives the tip radius R = 26 ± 2 nm. 
 
3.2.3 Temperature measurement on polymer films 
 
As mentioned above, the sample temperature is controlled using a temperature controller (TAC, 
Veeco) that is directly connected to the actuator-z. That means the supported polymer films are 
heated from the substrate side. Since there is a temperature gradient from the hot stage to the 
polymer film, the real temperature of the sample is normally different from the temperature set by 
TAC. In order to have a better measure of the actual sample temperature we performed a 
calibration of the TAC temperature sensor with a flat and thin Pt100 placed in configurations 
similar to that of the polymer film, as shown in Figures 3.11 and 3.12. Two different 
configurations are considered to calibrate for the temperature of polymer films on evaporated 
metallic substrates (Fig. 3.11, where a glass slide exists under metallic substrates) and silicon 
substrate (Fig. 3.12, where there is no a glass slide). Figure 3.13 shows the results of the 
temperature calibration, in which the temperatures measured on the silicon surface is slightly 
higher than those measured on the metallic surface. This is expected due to the existence of the 
glass with thickness of several µm between the metallic layer and the heating source. 
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Furthermore, the temperature on the surface of polymer films with different thicknesses is 
measured by using a fluoroptic thermometer (Luxtron 710). For the measurement, a thin layer of 
phosphor is spread onto the sample surface. Then the optical fiber probe of the thermometer is 
brought close to the phosphor layer. A pulsed laser provides the pulse of blue-violet light through 
the probe to excite the phosphor fluorescence. After the excitation pulse ends, the intensity of 
fluorescence radiation decays. The fluorescence decay time is measured and then correlated with 
the phosphor temperature (the same temperature on the sample surface) [167].  The obtained 
results show a similarity of temperature values on polymer films of thickness from 20 nm to 200 
nm within the uncertainties of about 0.3 K.  
In Figure 3.13, some values of temperature measured by the fluoroptic method (calibrated to the 
Pt100) on a 55 thick gold-supported PVAc film are presented as a function of the TAC set 
temperature, together with the temperature measured by the above described calibration. A good 
agreement can be observed.  
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Fig. 3.11. Schematic setup for temperature measurements on metal-supported polymer films fluoroptic 
methods (left) and by Pt100 (right). 
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Fig. 3.12. Schematic setup for temperature measurements on silicon-supported polymer films fluoroptic 
methods  (left) and by Pt100 (right). 
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Fig. 3.13. Temperature calibration curved on substrate surfaces. Data measured with a fluoroptic 
thermometer on a PVAc film deposited on metallic substrate are reported for comparison (fluoroptic 
thermometer has been also calibrated to the PT100). 
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3.3 Interfacial energy calculation 
 
In order to determine the interfacial energies, γsp, between PVAc and solid substrates, contact 
angles of three liquids, namely water, glycerol and diiodomethane, on each substrate are 
measured using a CAM 200 optical contact angle meter goniometer (KSV) at room temperature. 
The values of the contact angles, φ, are obtained from averaging five measurements for each 
sample (Table 3.2).   
The dispersive component, γLW, the electron-acceptor, γ+, and the electron-donor, γ-, contributions 
to the surface energy of a liquid and a solid are related to the contact angle, φ, of a droplet of the 
liquid on the surface of the solid, through the Young-Dupre equation [168]: 
LW LW
L s L s L s L(1 cos ) 2( )                    (3.4)ϕ γ γ γ γ γ γ γ+ − − ++ = + +  
where ‘s’ and ‘L’ indicate the substrate and liquid, respectively. Using measured contact angles 
of three liquids and their surface tension parameters previously determined [169], surface 
energies of the solids were calculated by eq. (3.4).  
Interfacial energies of PVAc film with the three substrates were estimated using the well-
accepted Good-Girifalco-Fowkers combining rule [170]: 
LW LW 2
sp s p s s p p s p s p( ) 2( )            (3.5)γ γ γ γ γ γ γ γ γ γ γ+ − + − + − − += − + + − −  
with ‘p’ denotes the polymer. The three surface tension parameters of PVAc were determined in 
previous work [171].  
 
Table 3.2. Measured contact angles of water, glycerol, and diiodomethane on solid substrates and 
calculated interfacial energies between PVAc and substrates. 
Contact angle φ (deg.) 
Substrate 
Water Glycerol Diiodomethane 
Interfacial energy with PVAc 
(mJ/m2) 
Gold 89.2 ± 0.9 74.6 ± 1.5 33.4 ± 1.8 1.2 ± 0.2 
Aluminum 27.9 ± 1.3 39.2 ± 3.1 28.7 ± 0.8 1.6 ± 0.3 
Silicon 41.9 ± 2.4 32.2 ± 1.9 57.3 ± 1.3 3.4 ± 0.3 
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3.4 Characterization of PVAc at different humidity 
 
In order to study the influence of relative humidity on structural relaxation of confined polymers, 
PVAc with Mw = 350 kg/mol is used. Bulk samples of PVAc, with granular morphology,  were 
dried in vacuum for one day before being used for characterization of water sorption at different 
humidity. The measurement of the quantity of water vapor absorbed by PVAc was conducted at 
300 K by gravimetric method using an analytical balance (Sartorius) with a precision of 0.1 mg 
(the mass of polymer samples is around 1.0 g). The isotherms for the sorption of water vapor by 
the bulk samples of PVAc are shown in Figure 3.14. The results suggest that the time required for 
the sorption equilibrium was about four hours. In addition, at a high relative humidity of about 75 
% the water concentration absorbed into PVAc at the equilibrium is about 3 wt %, in good 
agreement with the results obtained in some previous reports [162, 172]. 
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Fig. 3.14. Sorption isotherms of water vapor by PVAc at different relative humidity. 
 
Dielectric measurements on thin and ultrathin PVAc films, both at dry and humid conditions, 
were carried out by operating the AFM microscope in controlled humidity within a homemade 
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enclosure that allows obtaining the relative humidity as low as 3 % by using desiccants and 
flowing nitrogen through the enclosure, and as high as 80 % by putting a distilled water container 
inside the enclosure. In order to obtain the sorption equilibrium, PVAc films were kept at the 
measuring conditions (humidity, temperature) at least 6 hours before each measurement. This 
time was retained sufficient to reach equilibrium condition, because we observed that 
equilibration time in bulk system, which should be much longer than in ultrathin film, is about 
four hours. The influence of RH on the thickness of PVAc films is not significant and in the 
range of thickness uncertainties by AFM. In fact, by absorbing water vapor the film thickness 
increases at higher RH, but such an increase is only significant for highly hydrophilic polymers 
such as PVP [173], where the film thickness can be increased up to several tens percent. In 
contrast, for less hydrophilic polymers such as PMMA or PAVc such increase is less than 0.8 % 
even when RH of the ambient is as high as 60 % [174].   
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Chapter 4 
 
Confinement effects on the structural relaxation of supported PVAc 
films 
 
4.1. Introduction 
 
When confined to thicknesses in the nanometre range, polymer films have been widely observed 
to exhibit dynamic behavior that deviates substantially from the bulk samples [3]. Many 
hypotheses have been offered regarding the origin of this phenomenon, such as a fine size effect 
due to the thickness approaching a fundamental length scale associated with dynamics in glass 
formers, e.g., the cooperatively rearranging region [51], internal stresses caused by film 
preparation methods [81, 82], interfacial effects at free surfaces and polymer/substrate interfaces 
[3, 15, 87, 13, 76, 88, 74]. Up to now, the last ones seem to be suitable for interpretation the 
experimental results obtained on a variety of polymer materials by using numerous techniques [3, 
175]. However, explaining the way interfacial effects affect dynamics is still challenge to 
scientists. For example it is suggested that at the free surface of a polymer film an ultrathin layer 
of few nanometers of thickness exists [51, 60], in which chain motions are faster than in the bulk-
like layer. For explanation, it was supposed that such mobile layer is formed due to a reduced 
entanglement concentration near the free surface. However, this explanation could be criticized 
when a thickness-dependent Tg was found for both entangled and unentangled PS [4, 89]. 
Another approach involves the segregation of chain ends to the free surface that would be 
expected to reduce the local Tg at the free surface [90]. However, it is not supported by 
experimental data, in which the surface chain-end concentration was modified by changing Mw of 
PS films, but the thickness-dependent Tg was not observed to be affected [89, 175].  
In supported polymer films, it has been found that depending on the degree of the 
polymer/substrate interaction, the mobility of polymer chains at the interface with the substrate 
can be increased, decreased or remains the same as in the bulk [3, 7, 87]. The most used 
parameter to estimate the degree of interfacial interactions is the interfacial energy between 
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substrate and polymer, γsp. It is generally accepted that with increasing interfacial energy the 
segmental mobility of polymer chains in the regions close to the substrate slows down, leading to 
an increase of the Tg in such regions compared to that in the bulk layers [13, 76, 88, 74]. 
However, such scenario has been criticized by a series of works showing that polymer relaxation 
dynamics, and consequently the dynamics glass transition, is independent on the film thickness, 
even in the nanometer range, as well as on polymer/substrate interactions [10, 11, 83]. The 
experimental procedures used to prepare the samples were supposed to be the main factor leading 
to the observed deviations of dynamics of ultrathin films from the bulk [11]. For example, 
thickness-independent dynamics has been found in samples subjected to a proper annealing 
procedure, lasting for several tens of hours at temperatures several tens of degrees greater than 
the Tg of the bulk [83]. Surprisingly, such annealing time is much longer than any conventional 
time scale used to determine physical processes of polymers, for example the structural or 
reptation relaxation time at the annealing temperature. On the contrary, polymer films annealed 
under less extreme conditions usually confirm the presence of the size-dependent dynamics, as 
demonstrated by broadband dielectric spectroscopy (BDS) on capped and uncapped films [6, 62, 
64, 70, 74] and by other techniques on supported films [3, 5]. 
The evidence of the evolution of film properties after annealing over a very long time and at 
temperature much higher than Tg has led some authors to conclude about the presence of long-
living metastable states in supported polymer films. In this respect, the existence of an interfacial 
metastable polymer layer in contact with the supporting substrate was discussed several years ago 
[176]. Moreover, recently the presence of an adsorbed interfacial polymer layer was measured in 
silicon-supported polystyrene (PS) films as a function of the annealing time [99]. Moreover, in a 
recent report Napolitano and Wubbenhorst [15] have evidenced the correlation between the 
annealing-dependent relaxation dynamics of ultrathin supported PS films deposited on aluminum 
substrates and the annealing-controlled growth of an irreversibly adsorbed polymer layer at the 
substrate surface. A dimensionless number given by the ratio between the timescale of the 
adsorption and the annealing time was introduced to describe the growth of the adsorbed layer 
and consequently the annealing-dependent dynamics observed in ultrathin polymer films. Such 
mechanism seems to be suited to reconcile the results obtained in Al-supported polymer films 
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under different annealing conditions [6, 83]. Among the others, also ultrathin PVAc films 
evidence such property. 
In this thesis, we develop the local dielectric spectroscopy (LDS) by using an improved 
frequency-modulated electrostatic force microscopy (FM-EFM) method with a broad frequency 
interval up to four decades, and apply it to study confinement effects on dynamics of uncapped 
ultrathin PVAc films under ambient conditions and with controlled humidity. The influence of 
thickness, interfacial interactions and molecular weight (both below and above entanglement Mc) 
on such effects will be examined herein. In addition, the impact of annealing conditions on 
thickness-dependent dynamics of PVAc films deposited on substrates of different interfacial 
energies with polymer will be discussed.  
 
4.2. Dielectric measurements by LDS 
 
In recent years, a new method named local dielectric spectroscopy (LDS) [19] has been 
successfully applied to measure dielectric relaxation of supported polymer films. The LDS 
method was initially implemented to measure structural relaxation on thick PVAc films 
(thickness ~ 1 µm) with nanometer scale resolution under ultra-high vacuum conditions [19, 66]. 
A benefit of LDS method is that it can be used to measure dielectric properties of a supported 
polymer films with a lateral resolution of tens of nanometers, releasing the need of continuous 
and uniform polymer films to avoid short circuits between the substrate and the upper electrode 
when film thickness decreases down to several nanometers. LDS could therefore be proposed to 
investigate confinement effects on dynamic relaxation of supported polymer films with a free 
upper surface. In this part we will demonstrate that LDS can be used to characterize structural 
relaxation of PVAc films up to four decades of the frequency response under ambient atmosphere 
and controlled humidity.  
Local dielectric measurements of polymer films are represented in terms of a phase shift angle, 
δv, the tangent of which is related to the tip/substrate capacitance by: 
2 2
v 2 2                                                                   (4.1)
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/
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'
C zδ =
C z
∂ ∂
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where z is the distance between the tip and the sample surface, C’ and C’’ are the real and 
imaginary parts of the tip/substrate capacitance. As described in previous reports [137, 156, 177], 
in the distance range of the order of the tip radius, R, the tip/substrate capacitance can be 
conveniently expressed by approximated relations. We adopt the one proposed by Fumagalli and 
co-workers [156, 177],  
0                                                (4.2)
(1-sin )( ) 2 ln 1
/ ( )
R θC z, π R
z h
ω ε ε ω
⎧ ⎫⎨ ⎬⎩ ⎭= + +  
where h and ε(ω) are the thickness and the relative dielectric permittivity of the sample, 
respectively, θ is a parameter describing the aperture half-angle of the tip shaft, assumed of 
conical shape, and  ε0 is the vacuum permittivity. Noticing that the capacitance (Eq. 4.2) is not 
linearly depending on ε, thus the quantity tan δv (Eq. 4.1) is dependent on the material properties 
as well as on the geometry of the capacitor. In other words, tan δv is a different quantity from the 
tangent of the loss angle usually considered in conventional dielectric spectroscopy, even if we 
will show that their temperature and frequency dependencies are qualitatively very similar. 
In Figure 4.1(a), the tangent of δv, in the following also called loss-tangent, obtained in a 
frequency range from 0.5 Hz to 5 kHz and at different temperatures for a 233 nm thick PVAc350 
(Mw = 350 kg/mol) film deposited on aluminum substrate is presented (similar spectra measured 
on PVAc films with different thicknesses and supported on different substrate can be found in 
Appendix B). The spectra show the presence of a relaxation peak that moves toward higher 
frequencies with increasing temperature in a similar way of dielectric loss spectra obtained by 
standard dielectric measurements [2]. A measurement around the Tg value (~ 310 K) is also 
presented to show the low signal to noise ratio. In fact, even at this low temperature and low 
signal the measured spectrum is correctly reflecting the presence of the high-frequency tail of the 
structural peak. In the spectra no signature of the secondary peak is visible, as at the Tg it is at too 
high frequency for our measurement range. The solid curves represent the fitting performed by 
using three analytical models describing the substrate/tip capacitance (eq. 4.2), the phase shift of 
the tip resonant frequency modulation (eq. 4.1), and the Havriliak-Negami relation for the 
dielectric function:  
HN HN1-
HN
( )                                                (4.3)
[1 ( ) ]α β
εε ω ε
iωτ∞
∆= + +  
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Fig. 4.1. (a) Loss-tangent spectra vs frequency on Al-supported PVAc film of 233 nm at different 
temperatures. Lines represent the fitting with equations (4.1), (4.2), and (4.3). (b). Dielectric spectra 
calculated from the fitting parameters (eq. 4.3) as a function of frequency at different temperatures (b). 
 
In the fitting procedure we fixed ε∞ as constant as that obtained for the bulk sample (ε∞ = 3.1) 
[161], while the other parameters in eq. 4.3 were adjusted to get the best fits that were evaluated 
looking at the residues between the experimental and fitting curves. The analysis of the curve was 
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performed with a Matlab program implemented with a Levenberg–Marquardt minimization 
routine. It is important stressing that the analysis procedure furnishes the parameters of the 
dielectric functions, which can be compared to those obtained from more conventional dielectric 
techniques.  
As shown in Figure 4.1(a), fitting curves interpolate very well the measured data at all 
temperatures. The shape parameters of the dielectric function (eq. 4.4) obtained by fitting are 
almost temperature-independent within the uncertainties (Fig. 4.2) (more data are shown in 
Appendix B), while the peak frequency of the structural relaxation process increases with 
increasing temperature as expected due to the enhancement of segmental mobility at higher 
temperature. In a previous report about the dielectric relaxation of bulk PVAc [178], the authors 
found a slight increase of βHN when increasing temperature from 313 K to 353 K, while the value 
of αHN remains nearly as a constant. The unchanged behavior of the shape parameters in our case 
is probably due to the narrower range of measured temperature. From the fitting results, the loss-
dielectric spectra, ''( )ε ω , can be carried out from eq.(4.3) for each temperature, as seen in Figure 
4.1(b). The loss-dielectric spectra shift to higher frequency with increasing temperature, as 
commonly observed for glass formers.  
  
2.94 2.97 3.00 3.03 3.06 3.09 3.12
0.1
0.2
0.3
0.4
0.5
0.6
0.7
α H
N, 
β HN
1000/T, [K-1]
 αHN
 βHN
 
Fig. 4.2. Shape parameters (Eq. 4.3) of dielectric function as a function of inverse of temperature. 
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In order to compare with the bulk parameters obtained by standard dielectric measurements, we 
try to fit the obtained maximum frequency of the dielectric function in dependence on the 
temperature, as shown in Figure 4.3, using the Vogel-Fulcher-Tammann (VFT) equation,  
0
max 0
0
log log (4.4)DT                                                      
T T
ν ν= − −  
where νmax is the frequency of the maximum dielectric loss, and ν0 is the relaxation frequency of 
the structural process at infinite temperature, D is a constant related to the fragility parameter 
[48], and T0 is the so-called Vogel temperature. The resulting VFT parameters from the fit to the 
curve on the film of 233 nm in Figure 4.3 and the glass transition temperature, Tg, according to 
the definition νmax(Tg) = (1/200π) Hz are listed in Table 4.1. We can see a good agreement with 
those obtained in the bulk samples of PVAc [160, 179] using BDS. Such agreement assures that 
the obtained loss-tangent spectra by LDS represent the structural relaxation of the polymer film, 
and the used models are working well at least in the present experimental conditions.  
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Fig. 4.3. Logarithm of maximum frequency of dielectric loss spectra of the 233 nm thick PVAc film as a 
function of inverse temperature. Solid line represents the VFT fitting. 
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Table 4.1. VFT fitting parameters on the 233 nm thick film supported on aluminum in 
comparison with the bulk data [160] on PVAc wih Mw = 170 kg/mol.  
Sample logν0, Hz D T0, K Tg (νmax = 1/200π Hz), K 
233 nm 11.8 (fixed) 6.3 ± 0.1 261.1 ± 0.9 310.0 ± 1.1 
bulk 11.8 ± 0.1 6.3 ± 0.1 261.4 ± 1.0 310.4 
 
 
Finally, a comparison of the data measured by LDS on a 137 nm thick PVAc167 (Mw = 167 
kg/mol) film with those measured on bulk sample (Mw = 167 kg/mol) by standard DS [180] and 
on a 111 nm thick PVAc157 (Mw = 157 kg/mol) film by BDS with an air-gap capacitor [10] is 
presented in Figure 4.4. An agreement within the results can be observed.   
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Fig. 4.4. Logarithm of maximum frequency of dielectric loss spectra of PVAc samples as a function of 
inverse temperature: (back-squares) bulk PVAc with Mw = 170 kg/mol [180], (blue-circles) PVAc film of 
111 nm Mw = 157 kg/mol [10]. (red-stars) PVAc film of 137 nm Mw = 167 kg/mol. 
 
4.3. Effects of film thickness and supporting substrate      
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The size effect on structural relaxation of Al-supported PVAc350 films is presented in Figure 4.5 
(similar data for Au- and Si-supported PVAc350 films are shown in Appendix B) where the 
logarithm of the frequency of the maximum of ε” measured on films with thickness from 233 nm 
to 13 nm is reported as a function of reciprocal temperature. The relaxation rate is almost 
thickness independent from 233 nm to 57 nm, but it increases on the film of 23 nm. The increase 
of the relaxation rate is more pronounced on the thinnest film of 13 nm. This result is 
quantitatively consistent with the findings reported in some previous studies about the 
confinement effect on the structural relaxation of Al-capped PVAc films with lower molecular 
weight [6, 62]. In the inset of Figure 4.5, the relaxation rates of PVAc films from 226 nm to 13 
nm are plotted vs the reciprocal of temperature normalized by Tα(1 Hz) in order to qualitatively 
investigate the size effect on the fragility of PVAc films. It is noteworthy that for calculation and 
comparison of the fragility within polymeric materials the temperature is normally normalized by 
Tg, i.e., Tα(10-2/2π Hz). Such Tg could be obtained by extrapolating experimental data here, but it 
should give very high uncertainty, especially on ultrathin films, due to the limited frequency 
range that can be applied by LDS. Instead of that, we normalized temperature by Tα(1 Hz) that is 
in the range of current temperature measurements. The observed superimposability within 
curvatures measured on polymer films with different thicknesses suggests the thickness-
independent behavior of the fragility of Al-supported PVAc films. This behavior is consistent 
with that observed in capped polymer films [98]. However, the fragility index of freely standing 
PS films was found to decrease with decreasing film thickness [181] and was attributed to an 
increase in the fraction of free surfaces in freely standing films.  
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Fig. 4.5. Logarithm of maximum frequency of the structural relaxation in PVAc films deposited on 
aluminum substrates as a function of inverse temperature. Solid line represents the VFT fitting for the film 
of 233 nm thickness. In the inset, the same curves were superimposed by rescaling the temperature by the 
Tα corresponding to νmax = 1 Hz. 
 
As shown in a variety of reports [13, 74, 76], interactions at surfaces and interfaces play an 
important role in ruling the deviations of dynamics of confined polymers from the bulk behavior. 
By changing the supporting substrates, the interplay between polymer/substrate interaction and 
size effects on structural relaxation of ultrathin films can be observed. In this study, three 
different substrates, namely gold, aluminum and silicon, which are very commonly employed for 
supporting ultrathin polymer films, were used. Loss-tangent spectra obtained at the temperature 
of 327.4 K for PVAc films on gold and aluminum substrates, and 328.2 K on silicon, are reported 
in figure 4.6(a)-(c), respectively. As clearly visible, a shift of the relaxation peak to higher values 
of frequency is observed on gold- and aluminum-supported PVAc films when the film thickness 
decreases (Fig. 4.6a and 4.6b). The shift becomes more pronounced on thinner films, and spectra 
seem to become broader. In contrast, there is no significant change in the relaxation peak of all 
films deposited on silicon substrates with thickness from 85 nm down to 12 nm (Fig. 4.6c). The 
effects of film thickness and supporting substrate on the shape parameters of the structural peak 
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are reported in Figure 4.7. The values of αHN and βHN both slightly increase with decreasing 
thickness of films supported on gold and aluminum, meaning that the structural relaxation on Al 
and Au becomes more symmetric and broader on decreasing the thickness. However, for films 
deposited on silicon, only αHN seems to increase with decreasing film thickness, while βHN 
remains independent on the sample thickness. In principle, the observed broadening of the 
relaxation peak can be ascribed to a more heterogeneous dynamics, which is consistent with the 
presence of layers with different mobility.  In all samples the observed symmetric broadening 
should be contrasting with the hypothesis of a selective suppression of slow modes.  
In figure 4.8, the difference in the value of Tα - defined as the peak temperature of the structural 
relaxation process measured at 1 Hz - compared to the 233 nm thick film, is plotted as a function 
of the film thickness. For films deposited on gold and aluminum substrates, there was almost no 
change in the Tα when the film thickness was decreased down to about 35 nm, while a systematic 
reduction of Tα was observed with further decreasing film thickness, and the Tα-reduction 
measured on films as thin as 10 nm was about 2-3 K. Even though the reduction of Tα obtained 
here is small, somehow comparable to the measurement uncertainties, such reduction occurs in a 
systematic way on both gold and aluminum substrates. Furthermore, a small change in dynamics 
of PVAc with decreasing film thickness was found in previous reports, also using different 
techniques, on samples with lower molecular weight and different procedures of sample 
preparation [6, 71]. For example, using microbubble inflation method to determine the creep 
compliance of freely standing PVAc films, O’Connell and co-workers found a reduction of the Tg 
from the bulk value of less than 1.5 K on the thinnest film of 23.7 nm [71]. In another report by 
Fukao and co-workers [62], a reduction of Tα - the peak temperature of the structural relaxation 
process measured at 100 Hz – of about 10 K was found in Al-capped PVAc films with the 
molecular weight ranged from 124 to 237 kg/mol when film thickness decreased as mall as 
10nm. In addition, the film thickness at which the dielectric change could be observed is about 
100 nm, much larger than that found in the current study and some previous as well [6, 71]. Such 
difference is probably due to an incorrect calculation of the film thickness as pointed out by 
Serghei in a previous report [6]. Another probability can be related to the annealing conditions 
applied in Fukao’s study [62], in particular all PVAc films were annealed at 303 K (less than the 
Tg of bulk sample) for two days. Such annealing might be not enough to completely remove the 
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residual solvent remaining within thin films after spin-coating or evaporating the second 
electrode as confirmed by some recent reports [83, 182].  
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Fig. 4.6. Isothermal loss-tangent spectra of PVAc films with different thicknesses deposited on (a) gold, 
(b) aluminum, and (c) silicon.  
 
The size effects on relaxation dynamics of capped PVAc films between two aluminum electrodes 
were also investigated by Serghei and co-workers [6] using BDS. The authors found a reduction 
of the Tα, corresponding in this case to the frequency of 38 Hz, of about 2-3 K from the bulk 
value when the film thickness decreases down to about 10 nm. This is in agreement with our 
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present observation, thus suggesting that for PVAc films the effect of the evaporated aluminum 
electrode on dynamics should be negligible. These results also demonstrate that the confinement 
effects on PVAc films are much weaker than those on other polymers such as PS, or polymethyl 
methacrylate (PMMA). The difference might be the result of diverse molecular structures or 
arrangements of polymer chains close to the free surface or to the interface, as evidenced in some 
previous reports [76, 175]. For example, Ellison and co-workers observed a dramatic impact on 
the Tg-nanoconfinement effect of PS films resulted from small modifications to the repeat unit 
structure of the polymer [175]. 
On Si substrates we found no change of dynamics for film thicknesses down to 12 nm. This 
observation agrees with BDS results obtained with the air-gap capacitor geometry by Serghei and 
co-workers [10]. Indeed, after annealing samples for several hours well above the Tg in pure 
nitrogen atmosphere, no shift of the relaxation rate was found on several polymers, among which 
ultrathin PVAc films supported on silicon. It is noteworthy that the agreement between our and 
Serghei’s results was observed on Si-supported PVAc films under different annealing conditions 
using different techniques. Moreover, the annealing for Al-, Au- and Si-supported samples is the 
same in our study, but the thickness dependence of polymer dynamics is found only on aluminum 
and gold substrates. Such results evidence that the difference in confinement effect herein 
observed is not merely due to experimental procedures related to the annealing conditions, but is 
related to some physical effects that depends on the supporting substrates. In other words, 
confinement effects on the structural relaxation of PVAc films depend on the interaction between 
the polymer and supporting substrates, and in this case the PVAc/silicon interaction seems to be 
stronger than that of PVAc with aluminum and gold. The impact of supporting substrate on the 
nanoconfinement effect was studied in supported PMMA films deposited on gold and silicon 
substrates by Keddie and co-workers [12]. The authors supposed that PMMA films interacts 
weakly with gold substrates, thus with decreasing film thickness the effect from free-surface is 
dominant, leading to the reduction of the average Tg compared to the bulk value. In contrast, the 
interaction between PMMA and silicon surface is very strong, probably due to the forming 
hydrogen bonds, thus with decreasing film thickness the effect from polymer/substrate interface 
is dominant, leading to the increase of the average Tg compared to the bulk value.  
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In order to understand how interfacial interactions impact the Tα reduction, the interfacial energy, 
γsp, between PVAc films and three solid substrates was also calculated (Table 3.2). The results 
show a similarity in surface interactions of PVAc films with gold and aluminum surfaces, which 
are less than the critical value of about 2 mJ/m2 estimated in Fryer’s report [13] separating the 
energy region where negative deviation was observed (∆Tα <0 for γsp<2 mJ/m2) from that with a 
positive deviation  (γsp>2 mJ/m2). Noteworthy, for Au- and Al-supported films the values of γsp 
are very similar to each other and they correspond to similar ∆Tα, whereas for Si-supported films 
we have larger values of γsp and smaller ∆Tα compared with the two other substrates (gold and 
aluminum) (Figure 4.8).  
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Fig. 4.7. Shape parameters of the structural relaxation (Eq. 5) as a function of film thickness. 
 
The value of γsp measured on the silicon substrate is much higher than the critical value, 
indicating a strong interaction between PVAc and silicon surface. Fryer and co-workers [13] have 
found an increase of the Tg on both PS and PMMA films with decreasing film thickness 
compared to the bulk value when the polymer-substrates interfacial energy was higher than 2 
mJ/m2. However, in our case, instead of an increase of the Tα we observed no significant Tα-shift 
for all films deposited on silicon. Therefore, we confirm that samples made of the same material, 
and annealed in the same way on different substrates, exhibit confinement effects that can be 
qualitatively related to the interfacial energy. Nevertheless, the comparison of our results with 
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those from literature evidences that γsp alone is not sufficient to explain the variation of Tg from 
the bulk with decreasing film thickness, as also mentioned elsewhere [89]. This result is not 
surprising as differences in molecular structure and chain stiffness are factors affecting polymer 
dynamics in the bulk and likely also the confinement effects on dynamics. This is evidenced for 
example by Priestley et al [76] who found that the change of Tg at the free surface and substrate 
interface of polymer films depends substantially on the structure of polymers. However, the 
mechanism behind the interaction between polymer and supporting substrate still awaits to be 
clarified in detail. 
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Fig. 4.8. Thickness dependence of the difference in the Tα between ultrathin films and the 233 nm thick 
film. The dash and solid lines are guides to the eye. 
 
4.4. Molecular-weight dependence on confinement effects 
 
The impact of polymer molecular weight on the film thickness dependence of Tg has been 
systematically investigated over the broad Mw range (5 – 3000 kg/mol) on supported PS films 
[89, 175]. Most results evidenced that PS Mw has no significant influence on the confinement 
effect, as shown in Figure 4.9 for the case of PS films with different Mw deposited on glass slides 
[175]. However there is still a contradiction from some other reports, even on supported PS films 
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[183, 184], where they found the Mw dependence of Tg-nanoconfinement effect in the Mw range 
of 212 – 2900 kg/mol. In addition, for the case of freely standing PS films the dependence of the 
Tg-nanoconfinement effect on Mw is more pronounced, as described in Chapter 1 (Figure 1.13). 
The influence of Mw on the structural relaxation of ultrathin polymer films have been also 
investigated using BDS, and no significant dependence has been found [62, 185]. However, it 
should be pointed out that the Mw-range used in dielectric relaxation measurements is much 
narrower than that used for Tg measurements. Especially for low Mw (below the entanglement 
molecular weight), it is not easy to prepare ultrathin films capped between two electrodes due to 
the wetting [186].  
 
 
Fig. 4.9. Thickness dependence of the Tg-reduction of PS films with different Mw from the bulk value: Mn 
= 5 kg/mol (squares), Mn = 12 kg/mol (pluses), Mn = 200 kg/mol (circles), Mn = 263 kg/mol (multiplies), 
Mn = 440 kg/mol (triangles), and Mn = 3000 kg/mol (diamonds) (from ref. [175]).    
 
In this part of the thesis, PVAc with three molecular weights PVAc15 (Mw = 15 kg/mol), 
PVAc167 (Mw = 167 kg/mol) and PVAc350 (Mw = 350 kg/mol) is used, in which the PVAc15 is 
below the entanglement molecular weight of PVAc, Mc (~22 kg/mol) [187, 188], while PVAc350 
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is the same sample of the previous section. Ultrathin PVAc films are prepared by spin-coating 
polymer solutions in toluene on gold substrates with adjusting polymer concentration and 
spinning speed to obtain films of a thickness range from 8 to 140 nm. Before dielectric 
measurements, all films were annealed at 323 K for three days to completely remove any residual 
solvent remaining inside polymer films after spin-coating. The gold substrates are chosen for the 
fact that confinement effect is obviously observed for PVAc350 supported on such substrates. 
Therefore, it is expected to be easily recognized if there is any impact of Mw on thickness-
dependence of structural relaxation. In addition, the surface roughness of gold substrates is very 
small (~ 0.3 nm) compared to that of aluminum (~ 1.1 nm), giving a convenience to prepare 
ultrathin films of PVAc with low Mw. A topography image and its profile of a 9 nm thick 
PVAc15 deposited on gold are shown in Figure 4.10 after the annealing. The region of the image 
is referred to the rim of the scratch we usually produce to measure the thickness of the film. No 
wetting was observed even on the thinnest film of PVAc15 after annealing at 323 K for three 
days or during measurements that were performed at temperature as high as 333 K. 
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Fig. 4.10. Topography image (left) of a 9 nm thick PVAc15 film and its profile (right).  
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Fig. 4.11. Logarithm of maximum frequency of the structural relaxation in PVAc15 and PVAc350 films 
deposited on gold substrates as a function of inverse temperature. In the inset, the same curves were 
superimposed by rescaling the temperature by the Tα corresponding to νmax = 1 Hz. 
 
The results for the relaxation rate, defined from the maximum frequency of the dielectric loss are 
displayed in Figure 4.11, in which the dielectric measurements were performed on 128 nm thick 
PVAc350 and 100 nm PVAc15 films. There is an obvious difference in relaxation rate between 
two films due to the difference in Mw. In particular, the relaxation rate of the 100 nm PVAc15 
film is faster than that of the 128 nm PVAc350 film more than one decade in the measured range 
of temperature. These results are in consistent with some previous investigations on dielectric 
relaxation of bulk PVAc with different Mw [160] using BDS. In fact, the molecular weight of 
PVAc15 used herein is below the limiting values, at which the properties of PVAc become 
independent of Mw [189]. Since the structural relaxation process is in different timescales 
between two samples, we try to scale the respective temperatures to make comparison. In the 
inset of Figure 4.11, the relaxation rates of two PVAc samples are plotted vs the reciprocal of 
temperature normalized by Tα(1 Hz). As can be seen, the two sets of data nearly superimposes as 
was evidenced in previous reports [160]. In fact, it has been found that for relatively flexible 
chain polymers, such as poly(propylene oxide) [190], or PVAc [160] the fragility is invariant to 
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chain length. In particular, the same temperature dependence structural relaxation time for PVAc 
sample with 15 kg/mol and 170 kg/mol was found in the range of interest of the present 
measurements [160].  
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Fig. 4.12. Thickness dependence of isothermal loss-tangent spectra of Au-supported PVAc films with 
different molecular weights (a) PVAc167, (b) PVAc350, and (c) PVAc15. 
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The effects of film thickness on tangent-loss spectra isothermally obtained for PVAc167, 
PVAc350, and PVAc15 films are presented in Figure 4.12a-c, respectively. For the first two 
samples, the shift of the relaxation peak to higher values of frequency with decreasing film 
thickness below 30-35 nm can be observed, evidencing the increase of the relaxation rate of 
structural process. However, there is no significant change in the relaxation peak with decreasing 
film thickness down to 9 nm for the sample with smallest molecular weight. 
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Fig. 4.13. Temperature and thickness dependence of the logarithm of maximum frequency of dielectric 
loss spectra measured on PVAc167 (upper panel) and PVAc15 (lower panel) samples. Data of a bulk 
sample with Mw of 170 kg/mol (adapted from ref [180]) are presented with PVAc167 films for a 
comparison. Solid lines were obtained by VFT fitting. 
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A more quantitative investigation was performed by measuring and analyzing loss-tangent 
spectra at different temperatures and thicknesses for all samples. Figure 4.13 shows the 
temperature dependence of the logarithm of maximum frequency for PVAc167 (upper panel) and 
PVAc15 (lower panel) samples, respectively. Literature data relative to a bulk sample with the 
Mw of 170 kg/mol (similar to that of PVAc167) are also reported for comparison. The thickness 
dependence of the Tα-change is presented in Figure 4.14. For the PVAc167 sample we found that 
the relaxation frequency of thin films down to thickness of 45 nm matches that of the 137 nm 
thick film and also the bulk sample, then becoming faster on thinner films. This behavior is very 
similar to that observed on the PVAc350 sample, which has been discussed in the previous part 
of the thesis and is represented in the same plot for comparison. These results evidence that 
confinement effects on structural relaxation of supported PVAc films seems not to be affected by 
molecular weight in the range within 167 and 350 kg/mol. In a previous report Fukao and co-
workers [62] also found that the thickness-dependent Tα(100 Hz) has almost no Mw dependence 
for Mw = 120 – 240 kg/mol, a similar range in our study. These results have been also observed 
for supported PMMA [96] and PS films [5]. For free-standing PS films, Mattsson and co-workers 
[103] showed that in a low regime of Mw (< 350 kg/mol) the thickness dependence of the Tg has 
no Mw dependence, while in a high Mw regime (> 514 kg/mol) it significantly depends on Mw.  
Even though there have been some attempts to measure confinement effects on structural 
relaxation of polymer films with low Mw, especially lower than the entanglement molecular 
weight [97, 186], the results are still very limited due to the difficulties in preparing and 
measuring dielectric relaxation on very thin films with low Mw using standard dielectric 
spectroscopy. Fukao and co-workers [97] measured the relaxation rate of the α-process of 
polyisoprene (PIP) films with the low Mw range (2.5 – 30 kg/mol) and found that the peak due to 
the α-process remains almost unchanged with decreasing film thickness as thin as 35 nm. 
Unfortunately, they could not measure on thinner films because the contributions from d.c. 
conductivity become more dominant and, as a result, the dielectric-loss peak was not detectable. 
In this study we can apply LDS to measure structural relaxation of PVAc15 films as thin as 9 nm 
without concerning about the effects from short circuits or wetting. As shown in Figure 4.14, 
there is no significant dependence of the values of Tα(1 Hz) on film thickness. Since the films of 
three samples are prepared and measured in the same way, these results demonstrate the existence 
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of the Mw-influence on confinement effects when the Mw becomes smaller than the entanglement 
value. The disagreement of current observation compared to the results obtained for supported PS 
films may be due to the difference in the nature of polymer and supporting substrate. 
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Fig. 4.14. Thickness dependence of the change in the Tα from the thickest films (for each sample). The 
dash and solid lines are guides to the eye. 
 
4.5. Annealing effects on relaxation dynamics in ultrathin films 
 
As presented above, using LDS we have measured confinement effects on structural relaxation of 
supported PVAc350 films and we evidenced that such effects are dependent on the 
polymer/substrate interactions. This dependence can be reasonably explained by looking at the 
interfacial energies between PVAc and supporting substrates. However, using such interfacial 
energy could not explain the impact of Mw on the thickness dependence of the α-process when 
the polymer Mw becomes lower than Mc, unless the interfacial energy also depends on the 
polymer Mw. Moreover, the thickness-independent Tα observed herein on Si-supported PVAc 
films, in which the γsp value is about 3.4 mJ/m2, is not consistent with the increase of Tg observed 
by Fryer and co-workers for supported PS and PMMA films on substrates. This suggests that 
using only interfacial energy can not fully explain the experimental data observed for PVAc films 
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with different Mw and deposited on different substrates. This is also supported by some previous 
measurements on PS and PMMA films [76, 89].  
Moreover, recently there has been increasing evidence that dynamics of ultrathin polymer films 
depends on the annealing time when samples are annealed at a temperature well above the bulk 
Tg [15, 83, 99, 191]. Using BDS, the dependence of structural relaxation of polymer films on the 
annealing conditions has been observed by Serghei and co-workers [83]. In particular, for 
PVAc157 (Mw = 157 kg/mol) they found no shift with thickness in the mean-relaxation time of 
the α-process at 0.01 Hz of a 13 nm thick Al-capped film from the bulk value when samples are 
annealed at 366 K for 6 hours after depositing the electrode on the film surface (the sample was 
already annealed for 24 hours at 366 just after spin-coating). On the same experiment, the shift of 
the maximum position of the α-process measured at 1.2 kHz on a 5 nm thick Al-capped 
PVAc157 film from the bulk was about 6 K after the previously described annealing procedure. 
Such a reduction of Tα became smaller with further annealing, finally reaching a shift from the 
bulk of about 2.5 K after about 3 days at 366 K. A similar behavior was also found for other 
polymers such as PS, PMMA and P2VP, and the authors supposed that after preparing by spin-
coating polymer films are in a metastable state and a long annealing time being required to 
equilibrate them.  
In a recent report [15], Napolitano and Wubbenhorst have indicated that such metastable states 
are located at a polymer layer close to the substrate surface due to the absorption of polymer 
chains at that interface. They found that during the annealing process at a temperature well above 
the Tg of the polymer an irreversibly adsorbed polymer layer gradually grows at the 
polymer/substrate interface. In fact, the existence of such absorbed layer, also called residual 
layer, has been evidenced by Fujii and co-workers [99] at the interface between PS and 
hydrogen-passivated silicon (H-Si), as showed in Figure 4.15. The relaxation dynamic of the 
absorbed layer between PS and Al substrate was measured by Napolitano and co-workers using 
BDS, and they found that with annealing the mobility of PS chains in the absorbed layer slows 
down until reaching a stationary state in which the substrate surface is occupied by roughly a 
layer with slower dynamics compared to the bulk. The layer thickness was observed also to 
depend on annealing time. This mechanism is reflected in the increase of the average Tg which is 
measured in ultrathin films subjected to long annealing, as shown in Figure 4.16. Since the 
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annealing time required to reach a saturated absorbed layer is dependent on polymer molecular 
weight [15], it seems to be suited to explain our above observed results. In other words, for 
PVAc15 films the annealing conditions at 323 K and 3 days seem to be enough to evolve the 
metastale states at the interface between polymer and gold substrate and to obtain a thickness 
independent average relaxation dynamics of the entire film. Whereas, for other samples with 
higher Mw we may need more time of annealing to get the equilibration. 
 
 
Fig. 4.15. Time evolution of the thickness of the residual layer, hresidue obtained from PS/H-Si films 
annealed for different times at 423 K (adapted from ref. [99]). 
 
In order to clarify the influence of annealing time on dynamics of PVAc350 the loss-tangent 
spectra of thick and thin PVAc films deposited on aluminum and silicon substrates were 
measured for different annealing times, as presented in Figure 4.17. After annealing at our 
standard conditions (323 K for 3 days) (first annealing), the samples were further annealed at 366 
K for different times ranging from 20 hours to 8 days. For the 226 nm thick PVAc film deposited 
on aluminum, as seen in Fig. 4.17a, the structural relaxation is independent on the further 
annealing, i.e., the loss-tangent spectra measured before and after further annealing up to 6 days 
are superposable in frequency. Unfortunately, we cannot perform a detailed analysis of the 
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dielectric strength that was found to decrease with annealing time on capped PS films by BDS 
[15], because of experimental limitations. In contrast, the relaxation rate of the structural process 
on the PVAc film of 23 nm slightly decreases after 3 days of annealing and finally turns back to 
that of the thick film after 6 days of annealing. These results demonstrate that the further 
annealing conditions seem to affect only the dynamics of the untrathin film. In other words, the 
metastable states, if they still exist after the first annealing procedure, should be located in the 
layers close to the free surface or polymer/substrate interface. This observation is in qualitative 
agreement with the model proposed by Napolitano and co-workers [15] and with the observation 
made by Serghei and co-workers on capped PVAc films [83].  
 
 
Fig. 4.16. Time evolution of the Tg of Al-capped PS97 (Mw = 97 kg/mol) and PS160 (Mw = 160 kg/mol) 
films annealed for different times at 423 K: PS97, 18 nm (red hexagons), 35 nm (violet squares), 300 nm 
(black circles); PS160, 20nm (pink triangles), 44 nm (green diamonds) (from ref [15]). 
 
Comparing our results with literature data, we can confirm that the time scale of the evolution of 
the metastable states during annealing is related to the molecular weight. In fact, the erase of 
dynamics enhancement in our sample of 350 kg/mol was obtained with more than 3 days of 
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annealing at 366 K (plus the standard annealing a 323 K for 3 days), whereas it was needed only 
32 hours for the thick 13 nm PVAc film with Mw of 157 kg/mol [83]. The increase of the 
characteristic time of the metastable states is not proportional to the molecular weight, but it 
appears weaker than that observed by Napolitano on PS in the same range of molecular weights 
[15]. In fact, he found that increasing the molecular weight from 97 kg/mol to 160 kg/mol (both 
larger than the critical value for entanglement) the characteristic time increase from less than 3 
hours to more than 6 weeks [15] (more than a factor 100). In our case for an increase of a factor 
two of Mw the increase of the characteristic time is a bit larger than a factor 3.  
In order to clarify whether the interfacial energy between the polymer and the supporting 
substrate has a role in the annealing effects observed above, a similar annealing procedure was 
performed on the 26 nm thick film deposited on silicon substrate. As shown in Figure 4.17b, no 
difference within loss-tangent spectra obtained at different annealing times in the peak position 
can be observed. The result suggests that the absorption time of PVAc into substrates can also 
depend on the polymer/substrate interactions, and for the case of silicon substrate the annealing 
conditions at 323 K for 3 days is sufficient to equilibrate polymer chains in interfacial layers. 
Moreover, the thickness independent dynamics observed for the PVAc15 film can be interpreted 
in this picture. In fact due to the much smaller molecular weight (a factor 10) respect to the 
sample of Serghei and co-workers [83] we can expect that the annealing time needed to reach a 
stationary state of the adsorbed layer is more than a factor 10 minor, i.e. less than 3 hours at 366 
K. Could it be equivalent this annealing to 3 days at 323 K? For answering to this question 
further measurements are needed that are planned for the next period. 
Finally, the existence of an absorbed layer on gold surface after a long annealing time was also 
confirmed herein. For this purpose, we prepared three samples of PVAc350 with similar 
thicknesses (27-29 nm) on gold substrates. The first one was rinsed in toluene for 10 minutes 
after spin-coating and one hour of annealing in air at 313 K. Two others were annealed at 323 K 
for 3 days in vacuum, then one was rinsed as the first sample was, whereas the last film was 
further annealed at 366 K for 10 days. Finally also the last sample was rinsed in a similar way. 
After rinsing the samples were investigated by AFM looking for a residual layer. It was not 
observed in the first two samples, i.e., the topography images of such rinsed samples (see in 
Appendix B) are similar to that measured on the gold surface with the roughness of about 0.4 - 
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0.5 nm. However, for the last film a polymer layer of thickness about 10 nm was obtained as 
shown in Figure 4.18. As seen, the film surface of such layer is much rougher (~ 1.2 nm) than 
those of samples prepared by spin-coating (~ 0.3 nm), but the layer thickness is large enough to 
recognize. The dependence of such layer thickness on the annealing time, as well as its dynamics 
is the future studies.   
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Fig. 4.17. Loss-tangent spectra measured after different annealing times at 366 K of PVAc (a) on Al 
measured at 327.4 K and (b) on Si measured at 328.2 K. The data have been normalized to the maximum 
and shifted vertically for clarity. 
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Fig. 4.18. AFM topography image (left) and its profile (right) of an absorbed layer obtained by rinsing in 
toluene in 10 minutes from a 27 nm thick Au-supported PVAc350 film after annealing for 10 days at 366 
K. 
 
4.6. Conclusions 
 
The effects of thickness, supporting substrate, polymer molecular weight and annealing 
conditions on structural relaxation of uncapped PVAc films with a free upper surface are here 
studied and discussed. After the first annealing step (at 323 K for three days), faster relaxation 
was observed on PVAc350 films supported on gold and aluminum substrates when film thickness 
decreased to below 30-35 nm. The maximum observed Tα reduction from the bulk value was 2-3 
K for film with thickness of about 10 nm. In contrast, no thickness-dependent relaxation was 
found for all PVAc350 films deposited on silicon substrates with thickness from 85 nm down to 
12 nm. Such difference can be reasonably related to the difference in interfacial energy between 
polymer films and substrates, which is larger for silicon than for gold and aluminum. Moreover, 
by annealing at higher temperature (366 K) up to 8 days, no shift of loss-tangent spectra was 
observed for the 226 nm thick PVAc350 film on aluminum as well as on the 26 nm thick film on 
silicon. However, the dependence was observed on the 23 nm thick film on aluminum; in 
particular, the bulk dynamics was recovered after six days of annealing. Our results are consistent 
with the presence of long living metastable states of the polymer at the interfacial layer close to 
the substrate. The characteristic time of such states seems dependent on the nature of 
polymer/substrate interactions. The existence of metastable states was also confirmed by directly 
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measuring the growth with annealing of an interfacial polymer layer which was not soluble in the 
polymer solvent. The presence of such absorbed polymer layer and its dependence on annealing 
time can be also used to explain the influence of Mw on Tα-nanoconfinement effect for PVAc 
films supported on gold substrates. In fact, the effect of annealing conditions on metastable states 
has been found to depend on the molecular weight of the polymer, and for PVAc15 films these 
conditions required to equilibrate such states are weaker than for films with higher Mw.  
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Chapter 5 
 
Influence of relative humidity on dynamics of PVAc films 
 
5.1 Introduction 
 
The interest in studying the effects of plasticizers on dynamics of ultrathin polymer films is 
related to the evidence that their impact on confined polymer properties can be comparable to that 
related to polymer architecture and interfacial interactions [85, 192, 193]. The presence of small-
molecule diluents (plasticizers) can affect the relaxation dynamics of polymer chains in a number 
of ways, for example, they can alleviate the severity of constraints on local motion [194], causing 
the reduction of the degree of intermolecular cooperativity, or they can change the free volume of 
the polymeric matrix, and thereby modifying polymer properties such as the segmental mobility 
[195]. 
There are many reports describing the effect of plasticizers on the dynamics of polymers in bulk, 
but only limited number of studies deal with plasticized ultrathin films. In recent years, the 
effects of plasticization on the Tg-confinement effect have been taken into consideration by 
Torkelson’s group using fluorescence spectroscopy [85, 192, 193]. As discussed in Chapter 1, 
with decreasing the thickness of PS films down to about tens of nanometers the Tg substantially 
decreases from the bulk value. In 2004, Ellison and co-workers [192] observed that such a 
decrease can be eliminated by adding 9 wt % pyrene or 4 wt % dioctylphthalate (DOP) (two 
small molecule plasticizers of the polymer) to neat PS samples (Figure 5.1). The reduction of the 
bulk Tg in the presence of small-molecule diluents as a plasticizer has been known and 
extensively applied in material technology. However, it is surprising that the presence of such 
diluents in ultrathin PS films leads to an increase of the Tg compared with the value of neat films 
[192]. One explanation of such results was that adding diluents to the polymer reduces the 
average size of cooperatively rearranging region in the bulk sample, leading to the reduction of 
the Tg in thick films. For ultrathin films, small diluents also decrease the length scale of the 
cooperative segmental dynamics and moreover they reduce the length scale at which confinement 
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effects are observed resulting in the depression of the occurring of nanoconfinement effects, i.e., 
depressing the Tg-reduction of the ultrathin film respect to the plasticized bulk value. When the 
reduction of the latter length scale is more effective than the former one an increase of Tg with 
respect to the bulk can be observed [192]. Finally, it has been also found that the increase in Tg 
with nanoconfinement of P2VP films prepared on glass and PMMA films on silica is reduced or 
even eliminated by adding 9 wt % pyrene to P2VP or 4 wt % DOP to PMMA [192, 193]. An 
explanation for the reduced thickness dependent of relaxation dynamics in ultrathin film was 
proposed by Kia Ngai [196]. He suggested that the speed up of dynamics observed in ultrathin 
film should be caused by a reduction of intermolecular coupling among polymer chains due to 
nanoconfinement. On the other hand, the inclusion of a plasticizer also reduces the intermolecular 
coupling. Consequently, the dynamics of plasticized polymers is less thickness dependent 
because they are less intermolecularly coupled. 
 
Pyrene-doped PS
DOP-doped PS
 
Fig. 5.1. The thickness dependence of the Tg-reduction for PS doped with 0.2 wt % (circle), 2 wt % 
(diamond), 9 wt % (square) pyrene, or  neat (triangle), 2 wt % (diamond), 4 wt % (square) DOP (adapted 
from ref. [192]). 
 
One special case of plasticizers is represented by water for polymeric materials containing 
hydrophilic groups, such as PVAc, PEO and PMMA. When exposing to the ambient conditions, 
such polymers absorb a certain amount of moisture, leading to a change in the molecular 
dynamics of polymers. The influence of relative humidity on the dynamic relaxation, as well as 
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the glass transition temperature in a variety of polymers in the bulk has been studied in great 
detail [162, 172, 195, 197]. For instance with PVAc, a decrease of Tg was detected about 15 K at 
the high relative ambient humidity (90 %) with the absorbed water concentration up to 4.0 w. % 
[162, 172]. 
Regarding such polymers in confined system, Kim and co-workers have shown that by sorption 
of moisture from ambient atmosphere the confinement effect in PVAc films can be depressed 
[85]. In particular with decreasing film thickness from 600 nm to 23 nm, the depression of the Tg 
was about 6 K on “dry” samples that were annealed at 393 K before measuring, while there was 
no significant change in the Tg on “wet” samples that were measured at ambient condition 
(ambient humidity ~ 10 %). Even though the results can be explained in a similar way as those 
measured on DOP-plasticized PS films, they are not supported by a previous report by O’Connell 
and co-workers, in which a decrease of the Tg even for freely standing PVAc film with thickness 
of 28 nm was observed in ambient condition [71]. In addition, at a relative humidity of 10 %, the 
amount of water absorbed into PVAc films is expected to be less than 0.5 wt % [162, 172], much 
smaller than that of DOP in PS (4 wt %) to see the depression of Tg-confinement effect.  
 
 
Fig. 5.2. The thickness dependence of the Tg of supported PS films measured at different conditions (from 
ref. [199]) 
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In this respect, it should be pointed out that the film thickness and the supporting substrate can 
affect the moisture adsorption in ultrathin polymer films [173, 198]. Vogt and co-workers [173] 
have found that the weight percentage of water absorbed from saturated vapor does not depend 
on the thickness of Si/SiOx-supported poly(vinyl pyrrolidone) (PVP) films as small as 5.6 nm, 
while it decreases with decreasing film thickness below 60 nm when films deposited on the 
substrates modified with hydrophobic hexamethyldisilazane (HMDS). The results indicated that 
when the substrate and polymer have a different affinity toward to water, there should be a water 
concentration gradient within the film, leading to a strong thickness dependence of moisture 
adsorption by polymer films. For example, in the case of hydrophilic polymer prepared on less 
hydrophilic or even hydrophobic substrates, the concentration of adsorbed water molecules is 
minor in the region at the interface between the two materials [173]. Instead, in the case of 
hydrophilic polymer and substrate there is no thickness dependence of the absorption [198]. For 
the case of hydrophobic polymers, such as PS, the effect of water vapor is expected to be 
negligible and this was confirmed by Raegen and co-workers in a recent report [199]. The 
authors have found that the thickness variation of Tg in ultrathin films of PS supported on cleaned 
silicon with the native oxide is the same whether the film is measured in ambient conditions, dry 
nitrogen, or vacuum (Fig. 5.2). 
Even though the effect of small diluents on the glass transition temperature of confined polymers 
has been considered, the understanding of this effect is still limited. In present study we use LDS, 
the technique allows measuring dielectric relaxation at different humidity conditions, to study the 
influence of relative humidity (RH) on the structural relaxation of confined PVAc films deposited 
on different substrates.  
 
5.2 Effect of humidity on dynamics of supported PVAc films 
 
In this part of the investigation, PVAc350 films with different thicknesses, supported on gold and 
aluminum substrates are used. Ultrathin and thin PVAc films were prepared and annealed 
(standard annealing) as described in the Chapter 3. Such two substrates are chosen since the 
affinities of gold and aluminum surfaces to water are significant different, as seen in Table 3.2. In 
fact, the contact angle between gold and water is about 89° whereas that between aluminum and 
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water is about 28°, demonstrating the much larger hydrophilicity of the latter. Therefore, it is 
expected that such a difference may affect the water-adsorption capacity of ultrathin PVAc films. 
The experimental details of the procedure of dielectric measurements in humid ambient have 
been discussed in the section 3.4 of Chapter 3.  
In the chemical repeat units of PVAc molecules there is the acetate polar side groups (-COOCH3) 
which can easily form hydrogen bonds with hydroxyl polar group of other substances, such as 
water. Therefore, when exposing to ambient conditions PVAc films easily absorb water vapor 
and reach the equilibrium in a short time (at the high relative humidity the equilibrium quantity of 
adsorbed water in PVAc can be about 4 % at 296 K [173]). We estimated that the equilibrium in 
bulk sample can be reached in about 4 hours (see results in chapter 3), which should be much less 
in ultrathin film because of the larger surface to volume ratio. The adsorbed water molecules 
increase the disorder in the molecular packing thus changing the free volume of polymer matrix, 
causing the increase of the segmental relaxation of polymer films as evidenced by an increase of 
the creep rates at about four orders of magnitude for bulk PVAc subjected to 92 % RH compared 
to those found for the dry material [173].  
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Fig. 5.3. Frequency and RH dependence of the normalized loss-tangent spectra on the 128 nm thick film 
supported on gold at 327.4 K (open symbols) and 332.1 K (red full symbols). 
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Normalized loss-tangent spectra of the 128 nm thick PVAc film on gold substrate measured at 
327.4 K and different values of RH of the surrounding ambient are shown in Figure 5.3. We point 
out that samples have been equilibrated for 6 hours before measuring, so that different values of 
RH corresponds to different equilibrium amount of adsorbed water into the film. With higher RH 
the relaxation peak moves towards higher frequencies, evidencing an increase of the structural 
relaxation rate. This observation is consistent with previous investigation of PVAc bulk [162] 
showing a reduction of the Tg with increasing RH. The normalized loss-tangent spectrum at 332.1 
K and RH of 3 % is also presented for a comparison with the spectrum at 327.4 K and RH of 75 
%. The spectra measured in such two cases show a similarity in both the shape and peak position 
of the relaxation. The result suggests that the sorption of moisture does not affect the shape, but 
mainly increases the relaxation rate of the structural relaxation (we remind the reader that we 
cannot discuss about the dielectric strength of the process due to the limit of the technique). In 
addition, the effect on the relaxation dynamics of the PVAc film by increasing the RH from 3 % 
to 75 % corresponds to that of increasing the temperature for about 5 K at 327.4 K. In other 
words, the dielectric relaxation responses of the PVAc film both to the increase of the 
temperature and to the adsorption of moisture are similar. Such a property is keeping with the 
observation by Knauss and co-workers when measuring the creep compliance of the bulk PVAc 
under affection of temperature and RH [173]. The authors suggested that the basic mechanisms 
underlying both responses are the same and related to the free volume change.  
A comparison between loss-tangent spectra measured on both thick (128 nm) and thin (21 nm) 
films supported on gold substrates at different RH is shown in Figure 5.4, the data are rescaled 
for the clarity. The relaxation peak in the 21 nm sample equilibrated at RH = 3% is slightly 
shifted with respect to the peak of the 128 nm sample reflecting the enhancement of structural 
dynamics observed with reducing thickness that was discussed in the previous chapter. The 
difference becomes less clear with increasing RH and disappears at the RH of 75 %, as two 
spectra are superposable. In other words, we do not observe confinement effects for PVAc films 
with thickness as small as 21 nm when measured in equilibrium with RH = 75%. A more 
quantitative comparison of the characteristic frequency of the structural process at RH = 75% 
between the two films is proposed in Fig. 5.5 for several temperatures. 
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Fig. 5.4. Frequency and RH dependence of the normalized loss-tangent spectra on the 128 nm (open 
squares) and 21 nm (full circles) films on gold substrates. The data are rescaled for the clarity.  
 
Similarly to Ref. [85] we observed that adsorbed moisture can suppress the confinement effects 
on dynamics of ultrathin PVAc films with respects to wet thick films. But such suppression, is 
only qualitative similar. In fact, contrary to their investigations we observed an enhanced 
relaxation rate of the α-process with increasing RH on the 21 nm thick films. Consequently 
comparing to the dry bulk films, the relaxation dynamics in ultrathin film is still faster. In other 
words, we found a suppression of Tg thickness dependence because the plasticization effects on 
128 nm films is larger than in ultrathin film (Fig. 5.4), such that it compensates for the thickness 
dependence observed in dry (3% RH) films. In particular, by increasing RH from 3 % to 75 % the 
relaxation rate increases almost one order of magnitude even at the highest measurable 
temperature well-above the bulk Tg (Fig. 5.5). On the other hand, Kim and co-workers observed 
an increase of the Tg on the 23 nm thick PVAc film supported on silicon when measured at a RH 
of about 10 % with respect to that measured in dry conditions [85]. It is noteworthy mentioning 
that a similar behavior as measured herein was also observed for cases of ultrathin capped 
PMMA films [83] or freestanding PVAc films [71]. In particular, Serghei and co-workers [83] 
found that the relaxation rate of the α-process measured on a 10 nm thick Al-capped PMMA film 
previously stored in ambient conditions (300 K, RH ~ 40 %) was higher by one order of 
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magnitude than that measured after annealing. O’Connell and McKenna [71] reported that the Tg 
of a 28 nm thick freely standing PVAc film measured at low RH (~ 0.1 %) was ~ 4.5 K higher 
than that of the same film measured at RH ~ 40 %. At the moment we do not have a simple 
explanation for the discrepancies of the results from Kim and co-workers and our results. Further 
study will be needed to verify whether the difference may be related to the different experimental 
methods for determining different physical quantities, or other differences in sample preparation 
procedures. 
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Fig. 5.5. Logarithm of maximum frequency of dielectric loss spectra measured on the 21 nm thick film 
(open symbols) at different RH and the 128 nm thick film (full symbols) at RH = 75% supported on gold 
as a function of inverse temperature.  
 
In order to study in more details the effect of RH on the relaxation rate of the structural relaxation 
in films with different thicknesses, the increase of relaxation rate vs RH was measured on films 
with different thicknesses ranging from 21 nm to 128 nm and the data are presented in Figure 5.6. 
We observed that at low RH (< 40 %) the increase of relaxation rate seems to be thickness-
independent. However, at the highest RH (~ 75 %) such increase is thickness-dependent, i.e., the 
increase of relaxation rate is slower on thinner films. It is interesting that such effect is in the 
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similar thickness range to confinement effect previously discussed (chapter 4). In fact, for films 
with thickness of 55 nm and 128 nm the effect of RH on the increase of relaxation rate of 
structural relaxation is the same, but becomes thickness dependent for thinner films. Since the 
confinement effects observed on Au-supported films result from the perturbation of the polymer 
chains located at the free- and substrate/interface-layers, the difference in RH effect might be also 
due to perturbations in such layers. One possibility may be resulted from the fact that with 
decreasing film thickness the effect from the supporting substrate, i.e. its hydrophilicity, on the 
moisture adsorption by polymer films becomes more important, as evidenced in some previous 
reports [148, 149]. Since the gold surface is quite hydrophobic, as evidenced by a high contact 
angle of water (~ 89 0), this can lead to forming a gradient of water concentration along the film 
thickness. In other words, an ultrathin layer with a lower content of water may be created at the 
interface with the substrate. Such layer suffers to a less extent of the plasticization effect of water, 
thus having a slower dynamics. Of course the contribution from such tiny layer to the average 
relaxation of the film is larger for thinner films.  
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Fig. 5.6. The thickness and RH dependence of the structural relaxation frequency of Au-supported films 
normalized to the value characteristic for film measured at RH=3% and T = 327.4 K.  
 
The impact of supporting substrate on the RH dependence of structural relaxation in ultrathin 
PVAc films was estimated by measuring the dielectric relaxation of the 23 nm thick Al-supported 
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PVAc films at different RH and the dielectric relaxation of 21 nm thick Au-supported film. The 
aluminum surface is more hydrophilic as evidenced by the smaller contact angle between water 
and Al-surface (~ 28 0 in comparison to 89° of Au). The logarithm of the maximum frequency of 
structural relaxation measured on such two films is presented in Figure 5.7 as a function of 
reciprocal temperature at different RH. At low 3% of RH, the relaxation rate on two films are 
very similar as expected due to the similar confinement effects observed for PVAc films 
supported on Au and Al substrates (see previous chapter). In contrast, at the RH of 40 % the 
relaxation rate measured on the Al-supported film is much faster than that measured on the Au-
supported one, by a factor of about 2. This result confirms the importance of the substrate in 
moisture adsorption in ultrathin films. We support that in Au supported film there should exist an 
interfacial layer with a minor density of adsorbed water than in the bulk layer of the film resulted 
from the hydrophobic nature of the substrate. In contrast, for Al supported films the trend is 
opposite, i.e, the amount of adsorbed water might be greater at a ultrathin interfacial layer due to 
the larger hydrophilicity of the substrate (Fig. 5.7).  
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Fig. 5.7. Logarithm of maximum frequency of structural relaxation vs inverse temperature in the 21 nm 
thick Au-supported, 23 nm and 226 nm thick Al-supported films at two different values of RH. 
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In a previous study [174], Manoli and coworkers have found that the thickness dependence of 
methanol-induced swelling of ultrathin PMMA films is different when supported on bare Si/SiO2 
substrates respect to HMDS-treated Si/SiO2 substrates. In particular, a decreasing fractional 
swelling with decreasing thickness below about 100 nm was observed on Si/SiO2-supported 
films, while an opposite trend was observed on HMDS-treated Si/SiO2-supported films. Such 
difference was supposed to be determined by the presence of a polymer layer with reduced chain 
mobility and increased packing density near the interface with the bare Si/SiO2 substrate. This 
layer has constrained swelling and depresses the effects from the supporting substrate on the 
methanol adsorption into the films. However, such layer does not exist on the HMDS-treated 
SiO2 surface due to the weak interaction between PMMA and the substrate. Our hypothesis is 
that such layer should be the same of the irreversible adsorbed layer we introduced in Chapter 4. 
Consequently, after the first annealing (at 323 K for 3 days) a similar layer may not yet occur on 
both gold and aluminum surfaces. Therefore, the effect of the hydrophilicity from supporting 
substrates on the moisture adsorption into the films, evidenced by the difference in the relaxation 
rate of the α-process, was observed. However, if we can produce an interfacial layer which is 
more dense and suited to adsorb water, it can screen out the hydrophilicity of the substrate thus 
leading to a reduction of water adsorption. Confirming this idea, Figure 5.8 shows the logarithm 
of the maximum frequency of structural relaxation measured on the 23 nm thick PVAc film 
supported on aluminum at RH = 40 % after the first (at 323 K for 3 days) and second (at 366 K 
for 6 days) annealing conditions. It is evident that after the annealing at higher temperature the 
plasticization effect of moisture is reduced. The effect of RH on the increase in relaxation rate of 
ultrathin Al-supported PVAc film at different annealing conditions is presented in Figure 5.9, the 
data measured on the 21 nm thick Au-supported film are also shown for a comparison. A strong 
reduction of the humidity effect on dynamics of the ultrathin PVAc film after the second 
annealing can be observed at all values of RH. As evidenced by these results, annealing at high 
temperature for a long time an irreversible absorbed PVAc layer was created on the surface of 
supporting substrates, in which polymer chains have lower mobility, and higher packing density. 
Such absorbed layer may prevent water molecules penetrating further into the film and 
interacting with hydrophilic substrate surface, leading to the reduction of the humidity effect on 
dynamic relaxation of ultrathin PVAc films.   
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Fig. 5.8. Logarithm of maximum frequency of dielectric loss spectra measured on the 23 nm thick film on 
Al at RH = 3 % and 40 % after the first (at 323 K for 3 days) and second (at 366 K for 6 days) annealing 
conditions.  
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Fig. 5.9. The effect of RH and annealing conditions on the structural relaxation frequency of Au- and Al-
supported films normalized to the value characteristic for film measured at RH=3% and T = 327.4 K. 
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5.3 Conclusions 
 
The LDS results on the structural relaxation of thin and ultrathin supported films, equilibrated at 
different values of ambient RH, were used to study the influence of adsorbed moisture on 
dynamics of PVAc films under confinement. Data for both a relative thick (128 nm) and thin (21 
nm) films supported on gold substrates show a qualitatively similar trend with increasing RH 
with each other, and as those obtained in bulk sample. In particular, with increasing RH from 3 % 
to 75 % the relaxation rate of the α-process increases more than one order of magnitude even on 
the ultrathin film. Moreover, we observed that with increasing RH up to 40 % the confinement 
effect on relaxation dynamics is still present, but it seems to be depressed at the highest RH of 75 
%. In fact, the plasticization effect due to adsorbed water is larger in the thickest film probably 
because of an influence of the substrate on the amount of water adsorbed in the thinnest film.  
The impact of supporting substrate on the increase of relaxation rate of the α-process in ultrathin 
PVAc films was studied on two films with a similar thickness and deposited on substrates with a 
well-different affinity to water, i.e., aluminum and gold. The relaxation rate measured on the 23 
nm Al-supported film equilibrated at RH of 40 % is much faster than that of the 21 nm thick Au-
supported film, equilibrated at the same RH condition. This result evidences the impact of the 
hydrophilicity of the substrate acting on the adsorption of moisture into the ultrathin film. 
Finally, by investigating how high temperature annealing affects the plasticization due to 
moisture adsorption, we can evidence the role played by the irreversibly absorbed layer at the 
substrate interface. We found that such absorbed layer may prevent water molecules penetrating 
further into the film and interacting with hydrophilic substrate surface, leading to the reduction of 
the humidity effect on dynamic relaxation of ultrathin PVAc films. As a consequence the 
plasticization effect can be significantly depressed by annealing the film at high temperature for a 
long time. Our results indirectly confirm that the irreversible absorbed polymer layer near the 
substrate surface has an increased packing density. 
 
 
 
 
 115
Chapter 6  
 
Dynamic relaxation in PVAc-based nanocomposites 
 
6.1. Introduction 
 
Recently, correlations and similarities between the deviations of Tg values or related dynamics 
properties in polymer nanocomposites and ultrathin polymer films respect to those of neat 
polymers have been proposed by some models and experimental studies [80, 112, 200]. Unlike 
polymer films where confinement effects can be partially attributed to the presence of the two 
free surfaces/ interfaces, in nanocomposites the interactions at interfacial regions between 
nanoparticles and polymer matrix play the main role leading to the change in dynamic properties 
of such materials. An approximate equivalence between ultrathin film thickness and an average 
interparticle spacing in polymer nanocomposites has been proposed to explain the observed 
similar trend of dynamics variations observed in the two systems. Molecular dynamics 
simulations, theoretical models, and experiments have evidenced that the Tgs of polymer 
nanocomposites can be enhanced or depressed by tuning polymer/nanoparticle interactions [111, 
164, 201-203]. In particular, the Tg decreases with increasing volume fraction of embedded 
nanoparticles for repulsive interactions or a noninteracting particle/polymer interface, while it 
increases for attractive interactions [203]. The existence of interfacial regions with different 
dynamics from the neat polymer behavior has been observed [202, 203], but the size of such 
regions is still in controversy [110, 204]. Due to the lack of techniques that enable measurements 
of dynamic properties at nanometer scale, the understanding of the modification of molecular 
mobility at interfacial regions is still limited [108]. In such respect, the application of a high-
resolution space-resolved spectroscopic technique like the one used for this thesis is highly 
desirable. 
Among polymer nanocomposites, layered-silicate based ones have become increasingly attractive 
to scientists not only for their potential as technological materials, but also for providing a 
convenient system to study fundamental scientific issues concerning confined polymers [165]. 
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Study of the dynamics of these nanocomposites can lead to a better understanding of polymers in 
a confined system or at a solid interface [164, 165]. Beyond the phase-separated polymer/silicate 
composites, two types of hybrids are  possible: ‘‘exfoliated” where the silicate nanolayers are 
dispersed in a continuous polymer matrix, and ‘‘intercalated”, in which a 2.0-4.0 nm polymer 
layer resides between parallel inorganic layers resulting in well ordered multilayers with a 
periodicity of a few nanometers, as schematically shown in Figure 6.1.  
 
 
Fig. 6.1. Schematic representation of different polymer/silicate hybrid structures (from ref [165]). 
 
Due to the somewhat extreme confinement conditions (especially for intercaleted nanocomposite) 
and to the complexity of the material morpholoogy, the dynamics variations can be determined 
by competing effects [164]: (a) the reduction of the size of cooperatively rearranging regions 
(CRR) caused by the confinement of polymer chains constrained between the MMT platelets [80, 
205]; (b) the blending with the alkyl chains of the organophilic cations usually used to improve 
the compatibility of MMT and polymer; (c) the polymer/clay interaction that hinders the 
dielectric relaxation processes. The first two phenomena usually cause the speeding up of the α-
process, instead of a strong interaction with the filler usually induced a slowing down. 
Motivated by reported results, along with the fact that LDS can be used to measure dielectric 
relaxation with nanometric spatial resolution, we here for the first time (to the best of our 
knowledge) apply such technique to study the effects of nanoinclusions on the structural 
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relaxation of PVAc at interfacial regions by mapping as well as locally measuring dielectric loss 
over a range of temperature above the bulk Tg of the polymer.  
 
6.2. Electric phase shift imaging of nanocomposite surfaces 
 
Ultrathin films of the PVAc/MMT nanocomposite (Mw=167 kg/mol) have been produced on gold 
substrates similar to those used for the homogeneous PVAc films. Organomodified MMT clay 
(NaxAl2−xMgxSi4O10(OH)2 ·nH2O), obtained by cation exchange of sodium with alkyl ammonium 
ions was used to obtain a good dispersion down to single layers of MMT. Ultrathin films were 
prepared by spin coating a solution of PVAc (2.3% w/w) and MMT (7x10−4 % w/w) in toluene at 
and annealed under vacuum at 323 K for at least 12 h to remove residual solvent. Films with 
thickness of about 35-55 nm were obtained, showing extended areas containing a few or even 
single MMT sheets. A nanocomposite film with PVAc and silicon oxide (SiOx) spherical 
nanoparticles was also preliminarly investigated to compare the interface effects of inclusions 
with a different dimensionality. SiOx nanoparticles were produced [206] by the Stober method 
[207] with an average radius of 20 nm in ethanol solution. Nanoparticles were mixed into a 
PVAc/toluene solution and spin-coated similarly to the previous samples to obtain 80nm thin 
films on gold substrate with a particle concentration of about 5/µm2. 
Before dielectric measurements, the location of nanoinclusions in PVAc matrix was determined 
by imaging the surface of nanocomposite films topography in tapping-mode AFM. As presented 
in Figure 6.2, in which we choose to show an area with a high concentration of nanoinclusions in 
order to better illustrate different possible contributions to image contrast. MMT sheets can be 
often identified as regions having brighter appearance than the average, that is, at higher 
topography. In this case, MMT sheets are located on the top or embedded in the outermost layers 
of the polymer film. On the contrary, if sheets are completely embedded in the film, the 
corresponding topography appears as smooth as on the pure polymer. Simultaneous tapping-
mode phase imaging easily allows identification of MMT sheets, even when they are slightly 
buried beneath the polymer surface. One example is shown in Figure 6.3. The difference between 
topographic and tapping phase images is due to the fact that the topography describes the height 
of a surface, while the tapping phase is sensitive to mechanical properties within a surface. In this 
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case, the brighter areas correspond to stiffer materials, i.e., MMT sheets, compared to the softer 
polymer. From these different images we can identify the nature of the nanocomposite. Small 
MMT aggregated can be identified containing mainly intercalated polymer, and in some cases 
single layers of MMT can be identified well dispersed in the polymer. 
 
 
Fig.  6.2. Topographic image of the 55 nm thick nanocomposite (PVAc+MMT) film. MMT inclusions 
appear as higher regions than the polymer surface. 
 
As mentioned previously in Chapter 3, two different experiments can be performed to study 
dielectric properties of polymer films using LDS method. The first one (used for measurements 
reported in chapters 4 and 5) is used to record loss-tangent spectra at one location on the film. 
The second concerns scanning the sample surface while a d.c. or a.c. voltage at a fixed frequency 
is applied between the tip and the sample substrate, providing images of resonant frequency shift 
when a d.c. voltage is applied, or electric phase shift when the a.c. voltage is applied [208]. Such 
images are often taken on samples with a nanostructured surface, such as polymer 
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nanocomposites or polymer blends, in order to distinguish different electric responses from 
nanostructured regions with different dielectric properties.  
 
Topography TM Phase
buried part
 
Fig. 6.3. Topographic and tapping phase images of the surface of the PVAc+MMT film. Some parts of the 
MMT sheet are buried in the topography, but appear clearly in the phase image. 
 
Figure 6.4 presents topographic (a) and tapping mode phase (b) images, frequency shift image (c) 
recorded during the lift-mode second pass under 2 V d.c. bias, and electric phase shift images (d-
e) recorded during the lift-mode second pass at an a.c. modulation frequency of 130 Hz and 
different temperatures on a scanned area containing polymer, MMT inclusions, and the gold 
substrate (lower part on the right side of the topography image). The sample here reported is not 
uniform and presents several holes where the substrate is also exposed. However this example is 
important to show the capability of the technique to investigate the materials. In fact, watching 
only at the topographic images, it is not possible to understand if the hole is reaching the 
substrate or a thinner polymer region is still present. However, the comparison of topographic 
and TM phase image allows to recognize the presence of the substrate, which have a different 
mechanical response than the polymer (represented with brighter colour). Topographic and TM 
phase image cannot still distinguish if at the bottom of the hole a MMT layer is present: in fact by 
comparing images (a) and (b) we can observe that the MMT layers that we can identify from the 
topography because they are on the surface of the polymer have similar TM phase signal to the 
metal (they both appears brighter in image (b)). However, looking at the frequency shift image 
we can observe that the gold substrate signal is represented by darker colour (see right part of 
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image (c)) as well as some holes, whereas the MMT on the surface and some holes as well have 
signal represented by brighter colour.  
 
 
Fig. 6.4, PVAc thin film with MMT inclusions. (a) Topography. (b) Tapping-mode phase (color scale 
corresponding to an angle range 23.20). (c) Frequency shift under 2 V d.c. bias (∆f range 7 Hz). (d) 
Electric phase shift recorded at 130 Hz and 320.6 K (δv range 4.70). (e) Electric phase shift recorded at 130 
Hz and 329.2 K (δv range 4.10). (f) Section profiles of topography, tapping-mode phase, and frequency 
shift images at the position indicated by the horizontal stroke in (a), (b), and (c), respectively. 
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We want to remind that the electric image collected by applying only a d.c. bias reproduce a 
signal that is proportional to the electrostatic-force gradient, as from Eq. 3.1. If we maintain the 
geometry of the experiment fixed, as likely happen during the acquisition of a single image, the 
electrostatic force gradient is only dependent on the static value of the dielectric function. An 
analysis of the electrostatic-force gradient image demonstrates a lateral resolution of local electric 
measurements as high as 30 nm, as shown by the line profile analysis reported in Fig. 6.4f. In 
fact, it is possible to observe a sharp transition in the electric signal in correspondence with the 
MMT border, although the corresponding topography is nearly flat. The flatness of the 
topography profiles demonstrates that the observed contrast is not due to topography artifacts 
[209], but it is of genuine electrical origin and is due to the presence of a buried MMT inclusion. 
A resolution of about 30 nm of electrical measurements is also expected from simulation of the 
electric field in our experiment. The simulation has been performed with a finite element based 
program (COMSOL), where a polymer film with static dielectric constant of 10 was modeled 
above a gold layer. The AFM probe has been simulated as a truncated cone with hemispherical 
apex (radius of 25 nm), positioned at 18 nm from the sample surface. The simulation allowed 
calculating the vertical component of the electric field, Ez, at the surface of the film (1/100 nm 
below the ideal border of the film in the simulation) and at different positions from the center of 
the tip. We remind that in our model the electrostatic interaction is due to the vertical component 
of the electric field, and in particular is proportional to the square of the electric field. We can 
notice that Ez reduces for a factor 2 at about 37 nm from the center of the tip, which correspond 
to a reduction of a factor 4 of the electric force. Thus two objects can be well distinguishable at a 
distance of about 30 nm. 
By applying an a.c. bias at fmod = 130 Hz and acquiring the phase of the demodulated second 
harmonic component of ∆f according to Eqs. 2.11 and 2.16, an electric phase shift image related 
to the local dielectric loss of the film is obtained, as shown in Fig. 6.4d at T = 320.6 K. The 
darker appearance of the polymer film in Fig. 6.4d represents a negative-phase lag due to 
dielectric relaxation at the excitation frequency fmod compared to the in-phase behavior (no 
losses) of the metal electrode. Such contrast increases at T = 329.2 K (Fig. 6.4e). From the 
investigation reported in chapter 4 we know that the maximum frequency of the structural 
relaxation at 329.2 K is approaching 100 Hz (Fig. 4.12) and the image reflect the dielectric loss at 
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the maximum. At 320.6 K the image is only reflecting the loss at a frequency much higher than 
the maximum. By careful analysis of Fig. 6.4e, one can notice that some of the MMT inclusions 
show up brighter than the surrounding polymer, i.e., they show reduced phase lag and reduced 
dielectric loss, while others do not. This result suggests the presence of certain heterogeneity in 
the behavior of the different interfacial regions. 
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Fig. 6.5. Vertical component of the electric field measured at the surface of a polymer films as a function 
of horizontal distance from the tip (the center of the tip is located at x = 0).  
 
Such differences in electric phase shift images reflect differences in dynamic relaxation between 
pure PVAc and regions containing MMT, above or close to the polymer surface, and PVAc 
capped between MMT sheets and the substrate. This demonstrates that the presence of MMT 
leads to modification of the mobility of polymer chains around the nanoinclusions. In other 
words, the dynamics of polymer chains at the interfacial regions is altered due to interactions 
between PVAc and MMT. By comparing MMT regions on tapping-mode phase and electric 
phase shift images, it is noteworthy that the interfacial regions locating around the borders MMT 
sheets on the film surface should be smaller than the present resolution of our method. For 
comparison, in Figure 6.6 we show images of tapping-mode phase and electric phase shift of the 
80 nm thick nanocomposite film of PVAc and SiOx nanoparticles [206]. It is evident, by taking 
electric phase shift images, that the interfacial region, appearing brighter than PVAc, can be 
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estimated in a radius up to 50 nm. This result evidences that LDS can be applied to quantitatively 
estimate the size of interfacial regions between nanoparticles and polymer matrix in many cases. 
For the present case of SiOx nanoparticles, such regions can be several times larger than the 
radius of nanoparticles as well as than the gyration radius of the polymer.  
 
PVAc
SiOx
PVAc
SiOx
 
Fig. 6.6, PVAc thin film with SiOx nanoparticles. (left) Tapping-mode image. (right) Electric phase shift 
image.  
 
6.3. Dielectric relaxation on interfacial regions 
 
In order to evaluate  the effect of interaction with MMT on the structural relaxation of PVAc, 
loss-tangent spectra on pure PVAc and MMT regions were measured at different temperatures, as 
shown in Figure 6.7. By increasing temperature, the relaxation peak of spectra on both PVAc and 
MMT regions shifts towards higher frequency in a similar way than previously observed on 
PVAc films. Since MMT does not have dipole moments, the observed dynamics is due to the 
polymer in both cases. For a more quantitative comparison the spectra have been analyzed in 
order to extract information on the dielectric function. In Figure 6.8 measured spectra and fitting 
curves are reported for three selected temperature values. . The fitting procedure was carried out 
in the same way as above for spectra measured on PVAc thin films; some fitting parameters are 
presented in Table 6.1. The difference between the two peaks is also reported in figure 6.8 as 
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green symbols. We can notice that the spectra of pure PVAc have always an excess of signal 
respect to the spectra on the MMT region. The comparative analysis of spectra shows that the 
presence of MMT inclusions slightly slows down structural relaxation of the polymer and also 
modifies the structural peak shapes. The slowing down can be evaluated more quantitatively from 
Figure 6.9, where the maximum frequency of the dielectric loss peak is reported as a function of 
the reciprocal of temperature. Due to the limited temperature interval where we have performed 
the measurements, the temperature dependence seems to be Arrhenius like. However, this cannot 
be true, as in pure PVAc film with thickness comparable to that of the present sample we 
observed a VFT temperature dependence. We can see that the slope of the two curves is the same 
in the scatter of the data, and the shift in the frequency is a little bit less than half decade. 
 
Table 6.1. Fitting parameters at different temperatures of the structural peak for measurements of the pure 
PVAc and PVAc-MMT regions.  
Region T [ºK] 
αHN 
 
βHN fmax [Hz] 
PVAc 321.6 0.33±0.3 0.65±0.5 2.6±0.3 
 324.6 0.32±0.3 0.64±0.3 8.3±0.7 
 326.8 0.32±0.2 0.64±0.3 19.8±1.3 
 329.5 0.29±0.5 0.62±0.4 58.1±6.3 
PVAc + MMT 321.6 0.21±0.3 0.45±0.6 2.1±0.3 
 324.6 0.21±0.3 0.36±0.4 4.2±0.5 
 326.8 0.32±0.7 0.26±0.8 10.3±1.2 
 329.5 0.20±0.3 0.35±0.4 44.5±3.7 
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Fig. 6.7. Topography image (a) and frequency-shift image (b) of pure PVAc and PVAc-MMT regions and 
loss-tangent spectra as a function of frequency at different temperatures: (c) - on pure PVAc and (d) on 
PVAc-MMT region.  
 
The shape parameters αHN and βHN (Tab. 6.1) change in the MMT region respect to the pure 
polymer ones: αHN and βHN parameters decrease from 0.34 to 0.21 and 0.65 to 0.45, respectively. 
This behaviour reflects the fact that the structural peak in the regions containing nanoinclusions is 
more asymmetric and also broader than that in the pure polymer regions. Such a trend likely 
reflects a more heterogeneous nature of the process on the interfacial regions between PVAc and 
MMT. The broader shape of the α–process is accompanied by a relative increase of the slow 
modes with respect to the fast ones, in agreement with the observation of overall slowing down of 
structural dynamics, shown by the decrease in the maximum frequency. The effects above 
described should be attributed to strong interaction between PVAc and MMT due to the polar 
nature of the acetate group in the polymer and the presence of polar Si-O and Si-OH groups of 
MMT.  
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Fig. 6.8. Loss-tangent spectra recorded on PVAc, PVAc-MMT, and their difference at three different 
temperatures. The lines represent fitting with Eqs. (4.1-4.3). 
 
 
 
 
 127
 
Fig. 6.9. Logarithm of the maximum frequency as a function of reciprocal temperature for the structural 
relaxation measurement on pure polymer and PVAc+MMT regions. The lines represent VFT fitting. 
 
6.4. Conclusions 
 
LDS is applied to study dielectric properties of polymer nanocomposite films consisting of PVAc 
and MMT sheets or SiOx nanoparticles. Images of topography, tapping-mode phase, frequency-
shift, and electric phase shift on nanocomposite film surfaces were measured using tapping-mode 
and lift-mode AFM. A lateral resolution as high as 30 nm was obtained for dielectric 
measurements using this technique, making it possible to study molecular dynamics with 
nanometer-scale spatial resolution in nanostructured polymers. The electric phase shift image on 
the PVAc-SiOx nanocomposite film evidences the existence of interfacial regions around 
nanoparticles, the size of such regions can be as large as several times the particle radius. 
Dielectric spectra acquired across the boundary between pure PVAc and MMT shows a slowing 
down of structural dynamics of polymer chains due to the presence of the nanoinclusions. Such 
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results directly verify, with local scale measurements, the effect on polymer mobility due to well-
dispersed and interacting nanoinclusions, previously measured only on macroscopic scale.  
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Conclusions 
 
During nearly twenty years, the modification of physical properties in confined polymers has 
been one of the most controversial topics in physics of soft condensed matter. The development 
of new experimental techniques gives rise to a new impulse in verifying the many ideas in 
interpreting the above anomalous phenomenon. In this scientific scenario, the goal of this thesis 
was to study the interfacial effects on dynamic relaxation of nanostructured polymers. Two 
different types of material have been considered: ultrathin PVAc films coated on solid substrates 
and supported PVAc nanocomposite films. In order to study the interfacial effects on relaxation 
dynamic over a frequency range of four decades and with spatial resolution in the nanometer 
range we have implemented a non traditional technique called the local dielectric spectroscopy 
(LDS). 
 
The major results in this thesis are listed below: 
1. After an annealing procedure under vacuum at 323 K for about 3 days (i.e. above Tg and 
for a time much longer than any characteristic time scale of polymer mobility), 
confinement effects on structural relaxation were observed on PVAc350 (Mw = 350 
kg/mol) films deposited on gold and aluminum substrates when the film thickness 
decreases below about 35 nm. In particular, the relaxation dynamics becomes faster, and 
the structural process becomes more symmetric and broader on decreasing the thickness, 
especially in Au and Al supported films. The observed broadening of the relaxation peak 
can be ascribed to a more heterogeneous dynamics, which is consistent with the presence 
of layers with different mobility. However, such effects were not found on Si-supported 
PVAc350 films as thin as 12 nm. The difference was reasonably related to the different 
interfacial energies between the polymer and substrate surfaces in the case of Si respect to 
Au and Al. 
2. By further annealing PVAc350 films supported on aluminum substrates at higher 
temperature (366 K) still under vacuum, an annealing-time dependence of structural 
relaxation was found on the 23 nm thick Al-supported film. In particular, the bulk 
dynamics was recovered after six days of annealing. However, no change in dynamics 
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was observed for the 226 nm thick PVAc350 film on aluminum as well as on the 26 nm 
thick film on silicon when annealed up to 8 days. Our results are consistent with the 
presence of long living metastable states of the polymer at the interfacial layer close to the 
substrate. The characteristic time of such states was evidenced to depend on the nature of 
substrate, and polymer molecular weight as well. In particular the molecular weight 
dependence is more than linear, but it seems to be minor than that reported in literature for 
polystyrene. With respect to previous investigation our results evidence that the Mw 
dependence of the lifetime of metastable states is not universal and it is related to the 
polymer architecture; moreover, the characteristic time of metastable states depends on 
the properties of the interface, for example interfacial energy.  
3. The influence of polymer molecular weight on the above effects was investigated by 
studying Au-supported PVAc films with three different Mw: PVAc15 (Mw = 15 kg/mol), 
PVAc167 (Mw = 167 kg/mol) and PVAc350 (Mw = 350 kg/mol). The results indicated that 
confinement effects on structural relaxation of PVAc films was observed and seemed not 
to be affected by Mw in the range between 167 and 350 kg. In contrast, there is no 
observable confinement effect on the dynamics of PVAc15 films when the film thickness 
decreases from 100 nm down to 9 nm. This observation is quite new in the scenario, since 
ultrathin films of low molecular weight polymers were studied mostly for PS (at the best 
of our knowledge), in which no molecular weight dependence was found. The presence of 
an absorbed polymer layer with annealing time has been used also to explain the thickness 
independent dynamics observed on PVAc15 supported on gold substrates. 
4. The influence of ambient relative humidity on dynamics of PVAc350 films under 
confinement was studied with increasing RH from 3 % to 75 %. For both the relative 
thick (128 nm) and thin (21 nm) films supported on gold substrates, relaxation rate of the 
α-process increases with increasing RH. Moreover, confinement effects seem to be 
depressed at high RH on Au substrate. We propose that such depression of confinement 
effects is related to the hydrophobic nature of gold surface that influences on the amount 
of water adsorbed into the ultrathin film. 
5. The impact of supporting substrate on plasticization effects due to moisture adsorption in 
ultrathin film has been investigated for films supported on two substrates with a well-
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different affinity to water, i.e., aluminum (hydrophilic) and gold (almost hydrophobic). 
The relaxation rate measured at RH of 40 % on the 23 nm Al-supported film is much 
faster, by a factor of about 2, than that measured on the 21 nm Au-supported. This 
evidences a strong correlation between the effect of RH on the structural relaxation of 
ultrathin PVAc films and hydrophilicity of the supporting substrate. In particular, the 
polymer at the interface with a hydrophilic substrate can adsorbed more water with 
respect to the polymer layer at the interface with a hydrophobic one, resulting in a faster 
averaged dynamics. 
6. The impact of the irreversibly adsorbed polymer layer on the humidity effect has been 
evidenced. In fact, the 23 nm Al-supported film annealed at 366 K for 6 days and 
subsequently equilibrated at RH 40% has slower dynamics with respect to the sample 
annealed according to the standard procedure and equilibrated at the same RH. Moreover, 
when equilibrated at 40% or about 70% of RH it has nearly the same relaxation dynamics 
as the 21 nm Au-supported. With this result we confirm that the irreversibly adsorbed 
polymer layer has higher density than “normal” polymer and can screen out the 
hydrophilic interaction of the substrate. 
7. We here for the first time apply LDS method to study the effects of nanoinclusions on the 
structural relaxation of PVAc at interfacial regions. We measured dielectric map as well 
as local dielectric loss over a range of temperature above the bulk Tg of the polymer. The 
electric phase shift image on the PVAc-SiOx nanocomposite film evidences the existence 
of interfacial regions around nanoparticles, the size of such regions can be as large as 
several times the particle radius. Whereas, dielectric spectra acquired in the boundary 
region of PVAc and MMT shows a slowing down of structural dynamics of polymer 
chains due to the presence of the nanoinclusions. Such results directly verify, with local 
scale measurements, the effect on polymer mobility due to well-dispersed and interacting 
nanoinclusions, previously only measured on macroscopic scale. 
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Appendix A 
 
The Response Functions 
 
Relaxation processes of any type, as for example mechanical and dielectric, can be described by 
means of a general formalism, introducing a generalized force F and a generalized response x. 
Under the hypothesis of causality, independence of time and linearity of the response, the relation 
between F and x can be written in the following form, 
0( ) ( ') ( ') '                                               (A.1)
t
x t t t F t dtχ ϕ
−∞
= −∫  
where F(t) is a time dependent external field, χ0 is the static generalized susceptibility, and φ(t) is 
the Green’s pulse response function, which represents the response of the system to a pulse 
excitation. The pulse response function is the negative derivative of the step response or 
relaxation function Φ(t), which represents the response of the system to a perturbation of the 
form F(t) = ( )tϑ −  (Heavyside function). The relaxation function Φ(t) describes how the system 
returns to equilibrium, after that the external field producing a disturbance has been removed. If 
the external field F(t) varies its intensity on much longer time scales than those the system 
responds with, relation A.1 reduces to the quasi-static case, 
0( ') ( ')                                                           (A.2)x t F tχ=  
If the system is linear, the superposition is in principle valid: we do not need to examine the 
response of our system to a force having a general time dependence since it suffices to examine 
the response to a harmonically oscillating force. In fact, in general a function of time y(t) can be 
described as a sum of harmonic oscillations ?( ) ( )
2
i t dy t y e ω ωω π
+∞
−
−∞
= ∫  as described by the Fourier 
theory.  
The response of the system to an oscillating field can be described in the frequency domain, by 
using the Fourier transfrom formalism. In the frequency domain, the convolution in Eq. A.1 
becomes a simple product, 
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0( ) ( )                                                         (A.3)x Fω χ ϕ ω=  
where ?x , ?ϕ , ?F  are the Laplace transform in the frequency domain of the generalized 
displacement, the pulse response function , and the generalized force (Eq. A.1). In order to make 
an analogy to the quasi-static case, Eq. A.2, the product ?0χ ϕ  is called the complex generalized 
susceptibility, ?( )χ ω . It includes all the properties of the system and it describes the evolution of 
the relaxation process in the frequency domain. The dependency of ?( )χ ω on the frequency is also 
called the dispersion behavior of the system. Remember that the real and imaginary parts of the 
generalized susceptibility ?( )χ ω are connected by the Kramers-Kronig relations, 
? ?
? ?
2 2
0
2 2
0
2 ' '( )'( )                                                   (A.4)
2 '( )' '( )
P d
P d
ν χ νχ ω νπ ν ω
ωχ νχ ω νπ ν ω
+∞
+∞
= −
= − −
∫
∫
 
where P is the principal part of the integral. Though the susceptibility describes the response of a 
system to an external perturbation, it provides information on the dynamics of the system at 
equilibrium. The connection between ?( )χ ω , a macroscopic properties of the system, and the 
microscopic dynamics at equilibrium is given by some fundamental results of the statistical 
mechanics of irreversible linear processes, which will be reminded shortly. On this subject, in the 
following, we will denote with x  the time average of the observable x, 
/ 2
/ 2
1lim ( )                                                  (A.5)
T
TT
x x t dt
T
+
−→+∞= ∫  
and we will denote with <x> the statistic expectation value, obtained by averaging over the 
ensemble of all the possible values that the system can take. If the two averages coincide, the 
system is called ergodic. 
If for simplicity we consider an observable x with <x> = 0, its time correlation function or 
autocorrelation function, Гx(t), is defined by the following equation, 
( ) ( ') ( ')                                                  (A.6)x t x t x t tΓ = +  
which is valid when the dynamics of the system is independent from the origin of time scale. 
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The connection between the correlation function Гx(t) and the macroscopic quantity accessible by 
experiment, the relaxation function, is given by the following relation, 
B
1( ) (0) ( ) ( )                                         (A.8)xt x x t tk T
φ = = Γ  
The generalized displacement is yet a macroscopic quantity, and consequently Eq. A.8 relates 
two macroscopic quantities of the system. The possibility of relating the relaxation function (or 
the susceptibility) to the microscopic dynamics of the system is limited by the model we use to 
connect the generalized displacement to the microscopic property to which is related. For 
example, when the generalized force is an electric field, the associated generalized displacement 
is the polarization of the system. Therefore, Eq. A.8 relates the relaxation function of the 
polarization to its correlation function. The connection with the microscopic behavior is 
expressed in terms of the model used to relate the polarization to the microscopic polarizability 
for each molecule. 
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Appendix B 
 
Additional Data 
 
1 10 100 1000 10000
0.00
0.02
0.04
0.06
0.08
0.10
0.12
0.14
128 nm on Au
ta
n 
δ ν
Frequency [Hz]
 321.8 K
 325.1 K
 327.4 K
 332.1 K
 336.8 K
    fitting
1 10 100 1000 10000
0.000
0.003
0.006
0.009
0.012
0.015
0.018
0.021
0.024
8 nm on Au
ta
n 
δ v
Frequency [Hz]
 321.8 K    332.1 K
 327.4 K    336.8 K
                              fitting
1 10 100 1000 10000
0.000
0.004
0.008
0.012
0.016
0.020
0.024
12 nm on Si
ta
n 
δ v
Frequency [Hz]
 322.4 K   331.1 K
 325.3 K   334.0 K
 328.2 K      fitting
    
1 10 100 1000 10000
0.01
0.02
0.03
0.04
0.05
23 nm on Al
ta
n 
δ v
Frequency [Hz]
 321.8 K          325.1 K
 327.4 K          332.1 K
 336.8 K)            fitting
 
Figure B.1. Loss-tangent spectra measured on PVAc350 films with different thicknesses.  
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Figure B.2. Logarithm of maximum frequency of the structural relaxation in Au- and Si-
supported PVAc350 films (upper). The rescaling of the temperature by Tα(1 Hz) was performed 
with curves on Au-supported films (below).  
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Figure B.3. Shape parameters of dielectric function measured on PVAc films with different 
thicknesses and Mw as a function of the inverse of temperature.  
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Figure B.4. AFM topography images of the gold surface (a), the Au-supported PVAc350 film 
rinsed after one hour of annealing in air at 313 K (b), the Au-supported PVAc350 film rinsed 
after annealing at 323 K for 3 days (c), and after annealing at 366 K for 10 days (d). 
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